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Abstract 

Heteroepitaxy and defect characterization in infrared III-V and IV-VI semiconductors 

by 

Brian Haidet 

While IV-VI materials were some of the first semiconductors ever studied, they have yet to 

reach widespread commercial application in optoelectronics. Unfortunately, the peculiar bonding and 

structure of the IV-VI rocksalts that provides them with unique electrical characteristics also makes 

them very difficult to incorporate on foreign substrates. The rocksalt IV-VIs, PbSe, PbTe, and SnTe, 

have a mixed-character bonding, which contributes to a curious band structure with a direct L-valley 

bandgap, low auger recombination, and high dielectric constant, all beneficial features for defect-

tolerant optoelectronics, however achieving high structural quality has always been a problem. While 

the first PbSe and PbTe lasers were demonstrated almost 60 years ago, research on infrared materials 

has slowly shifted towards II-VIs, III-Vs, HgCdTe, and quantum cascade lasers, with many 

fundamental materials problems in the IV-VI family left unsolved. In this dissertation, I hope to 

address some of these questions, specifically related to material growth, and lay groundwork for 

further exploration of PbSe bonding, optical, and electronic properties on a more robust growth 

platform. 

As the field of epitaxial crystal growth inexorably advances, materials scientists are forced to 

tackle ever more challenging heteroepitaxial combinations. Beyond direct device applications, PbSe 

growth on III-V substrates is a compelling model system for understanding high energy interfaces 

incorporating changes in valency, interface charge, coordination, and lattice mismatch. This 

dissertation focuses on molecular beam epitaxy of PbSe on zincblende GaSb, InAs, and GaAs 

substrates. We find that on arsenic-terminated surfaces in both the (001) and (111) orientations, 
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nucleation is controllable. By exposing a III-V surface to PbSe flux at a temperature above the PbSe 

re-evaporation temperature, the surface is converted to a better template for growth: subsequent low-

temperature initiation of PbSe flux results in single-orientation films. The resulting heterovalent and 

heterocrystalline interfaces are mapped using high resolution scanning transmission electron 

microscopy, and possible mechanisms of interface formation are discussed, with emphasis on 

interfacial symmetry. 

As interfacial energetics have not yet allowed for layer-by-layer growth of PbSe on any foreign 

substrate, understanding and controlling island coalescence is the key to synthesizing high-quality 

PbSe films. By systematically varying lattice mismatch and comparing films grown in different 

orientations, different relaxation mechanisms can be activated and studied. We find PbSe island shape 

and coalescence behavior is a function of surface mismatch, chemistry, and local strain from extended 

defects. Extensive defect characterization using electron channeling contrast imaging and transmission 

techniques has allowed for direct characterization of these complex dislocation structures. Through 

these studies, we present multiple avenues towards high-quality PbSe film growth on III-V substrates. 

Fascinatingly, even in structurally defective PbSe and PbSnSe films, strong photoluminescence can be 

observed, speaking to the future of these materials as defect-tolerant infrared emitters and detectors. 
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1. Introduction to IV-VI materials 

I. INTRODUCTION TO INORGANIC CRYSTAL GROWTH 

Study of crystalline materials dates back to Johannes Kepler’s 1611 booklet On the six-

cornered snowflake, which marked the first connection between the nanoscale structure of a material 

and it’s macroscopic shape and properties. Although Kepler’s publication predates atomic theory 

by almost 200 years, and x-ray crystallography by 300 years, he proposed that snowflakes formed 

with hexagonal symmetry because “…vapor coagulates into globules of a definite size… [and] These balls 

of vapor will have a certain pattern of contact: for instance square in a plane, cube in a solid". Kepler specified 

that a hexagonal packing in 3D (what we now refer to as face-centered-cubic) would be the most 

efficient way to arrange these fundamental “globules of vapor”. 

Today, we have a great many more tools and technologies at our disposal for design, 

synthesis, and characterization of crystal structures. We live in a world where it is now possible to 

mathematically calculate the relevant properties of any hypothetical arrangement of atoms, but in 

our mission to create those arrangements, to grow ever-more-perfect crystalline materials with 

desired electrical, optical, and mechanical properties, we are still at the mercy of atoms, bonding, 

thermodynamics, and kinetics – not every structure can be synthesized. Even if we could place 

atoms one-by-one in a desired configuration, thermal vibration and diffusion would create 

crystalline defects and incorporate impurities. The field of inorganic crystal growth seeks to gain 

control over these atomic-scale processes to make crystals with the desired properties as efficiently 

as possible. 

When a crystal terminates in a free surface, a periodic array of partially-bonded atoms is 

left behind, creating a patchwork of electric fields – electrons and nuclei – that create an “energetic 

landscape” for charged species to navigate. When new species of atoms or molecules are exposed 
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to this free surface, they have their own electrons and nuclei – charges which interact with the 

crystal surface. They traverse this periodic template, eventually finding a stable place to settle, 

where they dissipate their energy and become part of the structure. As this process repeats many 

Avogadro’s Number of times, a crystal is built up. A periodic pattern of atoms in 3 dimensions is 

constructed using only random jostling of molecules and local electrostatic interactions between 

the crystal free surface and free atoms seeking a stable bonding site. 

The crystal growth I will focus on in this document is heteroepitaxial growth – meaning that 

two different crystalline materials are coupled at an interface. In this case, the atoms being 

provided to extend the crystal are not the same as the atoms in the existing crystal. In some cases, 

like lead selenide growth on gallium arsenide, the equilibrium crystal structures of the two materials 

may not even be the same, so although the free crystalline surface is periodic and informs the 

symmetry of the new crystal, the new crystal is distinct. The new atoms stabilize into a 3D structure 

which is related to, but different than the original template. 

Heteroepitaxy can be used to create electrically-active heterojunctions, where the 

electronic structure of an interface between two different materials is integral to the device’s 

function, or heteroepitaxy may be necessary to grow crystalline materials for which native 

substrates do not exist. In the present work, we want to investigate the properties of PbSe films, 

but PbSe substrates are rare, expensive, and low-quality, so we grow PbSe films on crystalline 

substrates of other materials. 

II. LEAD SELENIDE AND THE IV-VI SEMICONDUCTORS 

History of PbSe research and devices 

The IV-VI rocksalts were some of the earliest semiconductors investigated, with lead 

sulfide finding application as one of the earliest photodetectors in the 1930s[1,2]. The IV-VI 
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materials have relatively small bandgaps, meaning that characteristic electronic transitions will have 

low energies, corresponding to long wavelengths of light in the near and mid-infrared. 

The first IV-VI diode lasers using PbTe and PbSe were demonstrated by Butler and co-

authors in two papers in 1964[3,4], fabricating so called “diffusion junctions” between Pb-rich and 

VI-rich rocksalt crystals. PbSe, PbTe, and PbS can all support significant nonstoichiometries – ie. 

they can form a stable rocksalt structure without a perfect 50:50 ratio of group IV and group VI 

atoms. The vacancy point defects that manifest such structures are themselves electrically active, 

with group-IV vacancies acting as electron acceptors, and group-VI vacancies acting as electron 

donors. In practice, this means that one could anneal a perfectly stoichiometric sample of PbSe in 

a sealed chamber with excess selenium and it would become p-type by incorporating lead 

vacancies. Early devices were then simply fabricated as “diffused junctions” where two bulk 

crystals with differing compositions could be pressed together and annealed. As excess selenium 

diffused out of a selenium-rich crystal into an n-type selenium deficient crystal, it created a p-type 

layer near the surface of the formerly n-type crystal, and necessarily a p-n junction[5]. While using 

stoichiometric doping to create junctions in bulk crystals was a creative method for fabricating 

electronics without significant process control, it could only create the simplest possible electronic 

structure, and was quickly replaced. 

In a 1979 review of IV-VI lasers by Preier[6], the epitaxial methods: liquid phase epitaxy 

(LPE), vapor phase epitaxy (VPE), molecular beam epitaxy (MBE) and hot wall epitaxy (HWE), 

had largely superseded diffusion junctions due to the enhanced control epitaxy grants over device 

design. By growing a crystalline film on an existing crystalline substrate, adding material in discrete 

controlled layers, more complex devices like double-heterostructures could be synthesized. Where 

a diffusion junction consisted of a single blurry interface, a double heterostructure requires at least 

two reasonably sharp interfaces between disparate materials. For example, by sandwiching a 
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narrow-bandgap PbSnSe active layer between two higher-bandgap PbSe layers, electrons and holes 

in the active layer are prevented from escaping prior to recombination, enhancing radiative 

efficiency. 

Such structures (and the closely associated quantum well structures) are most efficient 

when the surrounding layers have a much higher bandgap than the active region, and in 1993, 

Springholz and Bauer[7] began exploring MBE growth of europium-containing rocksalts, 

fabricating superlattices of PbTe/EuTe. As EuTe and EuSe are high-bandgap rocksalts, 

chemically and structurally compatible with the narrow-bandgap IV-IVs, they made effective 

reflectors[8] and high-bandgap cladding layers for lasers, allowing for a 3.1 μm laser operating at 

room temperature in 2001[9,10].  

The vast majority of MBE growth of the IV-VI materials, including the aforementioned 

lasers, has been performed on the fluorite substrates BaF2 and CaF2 or buffer layers of fluorite 

material on silicon(111). This class of substrates was selected in 1974 by Hohnke and Kaiser[11] 

who noted that BaF2 was both lattice matched and thermally matched to PbSe. They deposited 

PbSe and Pb0.94Sn0.06Se on cleaved and baked BaF2 and SrF2 substrates via MBE with compound 

effusion cell sources for PbSe and SnSe. These substrates allowed for high-quality crystal growth, 

and became a standard substrate for IV-VI epitaxy despite a lack of mechanical strength, a low 

thermal conductivity, and water solubility. 

11 years later, when Zogg and Hüppi[12] were attempting to grow IV-VI layers on more 

robust Si(111) substrates, they decided to leverage the existing knowledge of growth on fluorite 

surfaces, and designed CaF2 and BaF2 buffer layers that could be grown directly on silicon surfaces 

via MBE to prepare the surface for PbSe deposition, later noting[13] that the ionic fluorites 

appeared to bridge a bonding incompatibility between the covalent silicon and the IV-VIs. Zogg’s 

group did a significant amount of work characterizing the relaxation and defect behavior of IV-
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VI films[14–16] and the IV-VI/Fluorite/Si buffering technique allowed them to achieve such 

sophisticated devices as a PbSnSe-based infrared pixel array for thermal imaging[17,18]. Indeed as 

the IV-VI materials began as photodetectors, infrared sensing is the lone modern commercial 

application for PbSe and PbS, with companies such as trinamiX, NIT, and Infrared Materials 

fabricating devices from polycrystalline IV-VI films which have been “sensitized” with a thermal 

treatment under iodine atmosphere[19]. 

While polycrystalline materials can make useful detectors, the desire for high-quality PbSe 

films for infrared lasers never fully vanished, and in 1998, Shi[20] proposed the GaSb/PbSe/GaSb 

double-heterostructure laser using a III-V semiconductor as both the substrate and cladding for a 

laser with a IV-VI active region. Although a study on liquid phase epitaxy growth of PbSe quantum 

dots on GaSb was published in 2002[21], there is almost no literature regarding IV-VI growth on 

III-V surfaces[21–23]. In this dissertation, I hope to push this knowledge forward, presenting our 

results growing PbSe not only on GaSb, but also on GaAs, InAs, and InAsSb substrates, and 

exploring both the (001) and (111) orientations. 

Structure of PbSe and the IV-VI family 

PbSe in equilibrium, along with the related PbS, PbTe, and SnTe, form the rocksalt crystal 

structure, best imagined as a 3D checkerboard of lead and selenium atoms, where each atom is 

bonded to six others, or octahedrally coordinated (Figure 1.1). Bonding in the IV-VI materials 

appears ionic at first glance, because the rocksalt structure is typically formed by ionic solids like 

its namesake NaCl, however the electronegativity difference between lead (2.23) and 

selenium(2.55) isn’t significant enough to justify a charge transfer on the scale of ionic bonding to 

create Pb2+ and Se2- ions. Indeed the 10 valence electrons per formula unit contained by the IV-

VI materials cause quite a problem for standard polar-covalent models that work excellently for 

the group IV semiconductors and the III-V semiconductors, each of which conveniently have 
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four valence electrons and four bonds per 

atom. In 1973, Lucovsky and White[24] 

posited that bonding in rocksalt PbSe was 

based on resonant p-orbitals, similar to 

bonding in aromatic rings where the number 

of electrons is insufficient to simultaneously 

populate every bond, but continuous 

exchange between two different structures 

results in a stable intermediate. They 

highlight an ionic structure where lead 

donates two electrons to selenium, and a fully-metallic structure where selenium donates one 

electron to lead. The actual bonding is intermediate, with bonding p-orbitals emerging from each 

atom at 90° angles resulting in the 3D checkerboard of the rocksalt structure. Excess electrons 

during this resonance are held by s-orbitals localized on one species. 

More modern interpretations [25–28] this structure have coined the term “metavalent 

bonding” to describe materials like PbSe. For nonpolar covalent bonding and metallic bonding, 

electrons are exclusively and evenly shared between species, while for ionic bonding, electrons are 

almost exclusively transferred from one species to the other. Bonding in PbSe is a unique 

intermediary of ionic, covalent, and metallic bonding with a combination of charge transfer and 

charge sharing that doesn’t match well with any of the classic three paradigms. Determining 

whether metavalent bonding stands on its own as a new class of bonding, should be considered 

“mixed bonding”, or exists as a variant of covalent bonding[29] is an outstanding question. 

While PbSe and its rocksalt contemporaries possess this peculiar bonding and structure, 

it’s worth noting that the IV-VI semiconductor family includes a rich variety of related 

 

Figure 1.1 – Rocksalt structure of PbSe. 
(Pb: red, Se: blue) 
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structures[30]. GeTe assumes a rhombohedral (distorted rocksalt) structure under ambient 

conditions, and GeSe, SnSe, SnS, and GeS form an orthorhombic layered structure. All of these 

phases are structurally similar, and at higher temperatures or under increased pressure many of 

these materials undergo phase transformations[31]. The alloy PbSnSe is cubic rocksalt up to a 

composition of 45% Sn, beyond which it is orthorhombic Pnma. While the vast majority of the 

present work relates to cubic phases, later chapters in this dissertation will discuss this layered 

Pnma structure and illustrate how its symmetry allows it to play host to some unique crystalline 

defects. 

Defect tolerance 

The promise of defect tolerance has encouraged much of the research in the IV-VI 

rocksalts. Defects in the crystal lattice (substitutionals, interstitials, vacancies, extended defects) 

disrupt the electronic structure of the host crystal, creating extra states within the bandgap and 

allowing free electrons in the conduction band to recombine with holes in the valence band, using 

the defect state as an interim stepping stone. This process is called Shockley Reed Hall (SRH) 

recombination and is deleterious to a wide range of electronic materials. 

The fact that materials like PbSe exist very near to a phase transformation (in 

configuration-space) makes the structure stably deformable and polarizable. This polarizability 

gives the rocksalt IV-VIs extremely large dielectric constants (ϵPbSe = 210 at RT, 280 at 4K), 

allowing them to effectively screen charged defects in their interior[30], and maintaining high 

mobilities even with significant doping[32] (Figure 1.2). Essentially, the lattice will distort in 

response to a nearby charged point defect, canceling the electrostatic field emitted by the defect, 

and reducing the interaction cross section of the defect, and making it less likely to affect the 

motion of a free electron or hole. 

Aside from this more classical view which depends on geometric structure, a great deal of 
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theoretical work has sought to understand 

defect-tolerant materials based on their 

bonding and defect electronic structure[27–

29,33,34]. Most of the work in this direction 

has come not from the IV-VI field, but the 

realm of lead-halide perovskites[29,33,34], 

promising photovoltaics with long carrier 

lifetimes despite extremely high defect 

densities and polycrystalline synthesis. Rakita 

et al.[29] observe that bonding in the halide 

perovskites (as well as PbSe) has significant 

antibonding covalent character, implying that the valence band maximum is made from repulsive 

antibonding states instead of attractive bonding states, explaining phenomena such as PbSe’s 

reversed temperature-bandgap relationship. Such a model also places the relevant bands at a 

different absolute energy range, meaning that previously-midgap-trap defect states may now be 

shallow traps or even within a band. Granted, because lead selenide has a narrower bandgap than 

the halide perovskites, thermal excitation can help to depopulate trap states, so the absolute 

position of traps is not as important. 

Zhang et al.[34], in their 2020 analysis of defect tolerance in halide perovskites, emphasize 

that mid-gap-traps can still exist in these materials, but are largely inactive due to significant 

energetic barriers to carrier capture. They credit the anharmonicity of bonding in the halide 

perovskites for providing their defect tolerance. For a trap to capture a free electron or hole, it 

must traverse a very high saddlepoint in configuration space, distorting in an unfavorable way, 

granted the anharmonic bonding. We are hoping that the IV-VI rocksalts with their peculiar 

 

Figure 1.2 – Hall mobility of n-type 
PbTe as a function of temperature and 
doping. 
Reproduced from [32]. 
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bonding also benefit from this effect. 

Quantum materials 

In the last 10 years, there has been an additional academic momentum towards 

understanding the IV-VI materials and their growth due to hypothesized application in the realm 

of quantum materials, spintronics, and quantum computing, with certain phases of IV-VI materials 

identified as topological crystalline insulators[30,35–41]. Specifically SnTe, and Sn-rich 

compositions of PbSnSe ([Sn]>22%) possess inverted bandgaps, and play host to topologically 

nontrivial transport. Even in trivial IV-VI insulators, topological states are predicted to exist for 

certain orientations of monolayers[42], and have been observed at heterovalent interfaces[43]. 

This dissertation will not focus on these applications in any detail, but it is important to 

remember the needs of this still-emerging field. The opportunity to leverage existing materials 

science MBE techniques in fabrication of these layers opens the design space for topological 

devices, extending the concept of topological surface states to topological interface states, which 

can be grown with high structural fidelity and buried inside a semiconductor stack, remining 

pristine and controllable. 

III. LEAD SELENIDE GROWTH 

Substrates and growth techniques 

Where the IV-VI materials show promise, native IV-VI substrates and the conventional 

cleaved fluorite bulk substrates have many drawbacks. First of all, they are extremely soft, to the 

point where it is common practice to always move a given PbSe substrate by picking it up from 

the same sacrificial corner, because simply handling it with tweezers can induce dislocations. The 

fluorite substrates require fresh cleaving and are water-soluble, so surfaces rapidly degrade in 

atmosphere before loading into the MBE. Generally, IV-VI growth on fluorite substrates is 
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characterized by weak bonding, and minimal substrate-film interaction, leading to low sticking 

coefficients, large islands, and slow coalescence[11,44–46]. Additionally, both of these materials 

have low thermal conductivity, limiting device performance.  

These troubles have prompted research into IV-VI growth on silicon[13,15,47] and III-V 

substrates like GaAs or InSb[21–23], sometimes with II-VI buffer layers[43,48–50]. We opted to 

explore the III-V family of semiconductors as substrates for IV-VI growth, but despite favorable 

strength, thermal and mechanical properties, cost, and availability, the IV-VI/III-V combination 

brings with it new challenges. These two materials systems have different bonding character, 

making bonds across the interface a rather uncertain quantity. These materials also have a different 

crystal structure, meaning that the symmetry and coordination around any given species in each 

crystal will be different, and at least one layer of interfacial atoms will have an atypical asymmetric 

coordination. Unless two nonpolar surfaces are involved in the interface, there will also be trapped 

charge at such a heterovalent boundary, causing additional problems during nucleation. All of 

these factors contribute to extremely high interfacial energies and result in a difficult-to-control 

and defect-prone 3D island growth mode in the early stages. Success in developing epitaxial tools 

to prepare sharp IV-VI/III-V interfaces will enable harnessing of these material dissimilarities for 

new means to access the unique mid-infrared optical properties of IV-VI materials as well as for 

the creation and control of novel interfacial electronic phenomena. 

As these materials are grown at relatively low temperatures, control over these 

heterointerfaces may even allow for back end of line integration on top of existing processes. This 

work will discuss IV-VI/III-V heterointerfaces, and many others are working to grow high quality 

III-V/Si heterointerfaces, so it is conceivable that IV-VI active layers could exist in a PbSe/III-V 

or PbSe/III-V/Si stack, added after fab without overtaxing the thermal budget. 
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Goals of this work 

The technological progress of new growth and characterization techniques advances 

research superlinearly – having more tools in the metaphorical research toolbox changes how one 

approaches a problem by enabling new experiments. In growth of IV-VI materials, significant 

progress has been made, but the bulk of the fundamental research in the field was completed more 

than 30 years ago. Since then, entire new fields of materials science have been explored – the 

zincblende III-Vs and the nitrides grew from almost nothing to fully fledged commercial 

technology platforms. There now exists orders of magnitude more institutional knowledge to 

leverage, taking a new look at an old material. 

For this research, I had the privilege to utilize a brand new state of the art molecular beam 

epitaxy system with high purity sources, cryogenic pumping, and significant recipe automation for 

growth repeatability. For materials characterization, I make extensive use of electron channeling 

contrast imaging (ECCI) and atomic-resolution scanning transmission electron microscopy to 

characterize defects within these materials. ECCI in particular is a technique that is still in its 

infancy in terms of application, and a technique we have actively pushed forward through the 

present work. 

We sought to understand how PbSe/III-V interfaces would form, especially how materials 

with mixed bonding interact with conventional (non-ionic) substrates to overcome the need for 

these problematic fluorite buffers. In our early experiments, we showed that interfacial chemistry 

plays a critical role, with interfacial reactions preventing high quality interfaces from being 

synthesized on GaSb substrates, but identified a route towards single-orientation nucleation on 

the III-As substrates via a novel surface treatment, later expanding these results to alternate 

crystalline orientations, successfully growing PbSe on InAs(111)A.  

Unfortunately, in our experience, PbSe nucleation and growth always proceeds via an 
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island/coalescence growth mode, and so we have put significant effort into understanding the 

defects created during said island coalescence, and how these defects behave in a grown film. In 

the (111) orientation, these dislocations are quite mobile, but in the (001) orientation, the 

peculiar slip geometry of the IV-VI rocksalts prevents removal of defects, so we have instead 

focused on reducing the number of defects initially formed within the film. Leveraging existing 

III-V growth techniques to design metamorphic buffers that act as better templates for PbSe 

coalescence, we identify a path towards coherent PbSe growth on III-As(001) substrates. 

Working with collaborators to explore the optical properties of our materials, we have also 

found these IV-VI films to have long carrier lifetimes and emit light at mid-IR wavelengths. 

Despite extremely high defect densities, PbSe films at room temperature can emit 4 μm radiation 

at intensities to rival dislocated III-V films of similar bandgap. It appears that SRH recombination 

in our PbSe films is significantly suppressed. 

These preliminary structural and optical results lay the groundwork for future study of 

PbSe and PbSnSe materials and devices on a robust III-V growth platform, leveraging the existing 

body of knowledge regarding high quality crystal growth, and applying it to a materials system 

which shows great promise. 
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2. Experimental methods 

I. INTRODUCTION 

In this section, I intend to communicate a working knowledge of the synthesis and 

structural characterization equipment used for MBE crystal growth. I won’t go into much of the 

math or deeper theory, because when performing these experiments, that theory usually isn’t top 

of mind. Instead, focusing on visualizable models (sometimes simplifications) like adatom 

dangling bond counting at surface steps instead of full kinetics, interpreting diffraction as an image 

of mosaic-smeared reciprocal space rather than a full mathematical workup with Fourier 

transforms, or scanning electron micrographs as a sum of multiple superimposed images formed 

with different “filters” rather than a simulation of each contrast-forming interaction in the 

material. 

When learning these topics and techniques, I normally needed to see the information from 

a variety of perspectives before it made sense, and my hope is that this section can be either a 

loose introduction or functional second-pass over the relevant techniques for new students. 

Especially with the group moving universities during COVID restrictions, and the negligible 

opportunity for standard knowledge transfer between veterans and new students, I wanted to 

record the “way it makes sense to me” in a more conversational tone for many of these topics. 

Hopefully it is helpful! 

II. MOLECULAR BEAM EPITAXY 

Introduction 

Molecular Beam Epitaxy (MBE) is an ultra high vacuum crystal growth technique that 

provides excellent control over interfaces and surfaces. While sometimes (increasingly) used in 

industry, historically, MBE has been a research tool, used to gain a better understanding of a 
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materials system before transitioning to a more scalable technique for high precision epitaxy like 

metal-organic chemical vapor deposition (MOCVD), however in the case of the IV-VI materials, 

MOCVD is not an option. The MBE system used to grow IV-VI films in this work is pictured in 

Figure 2.1. 

In MBE, precursor material is thermally evaporated into a vacuum with a mean free path 

on the order of kilometers. These evaporated atoms and molecules travel ballistically to the target, 

a crystalline substrate held at a specific temperature. By controlling the incident molecular flux and 

the temperature of the substrate, a crystalline film can be epitaxially grown, inheriting symmetry 

from the single-crystal substrate. In some cases, especially homoepitaxy, the windows for 

acceptable growth are large, where a wide variety of fluxes and substrate temperatures result in the 

growth of high quality crystals, but in some cases, notably heteroepitaxy of dissimilar materials, 

the relevant thermodynamics and kinetics can produce extremely narrow parameter-space 

windows for high quality growth. Epitaxy of the rocksalt IV-VI materials family on III-V 

substrates is one of these narrow-window cases. 

 

Figure 2.1 – The Riber C21 MBE System for IV-VI deposition. 
(left, photograph) The central cylinder is the growth chamber, with the effusion 
cells at the bottom and the sample rotation equipment on top. (right) Schematic 
view of the growth chamber, with two effusion cells pictured, evaporating 
precursor material for deposition on the upside-down substrate above. 
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MBE operation and service is primarily focused on maintaining the ultra-high vacuum 

conditions necessary for clean, controllable growth. Samples are inserted through a load lock and 

buffer chamber so the growth chamber is typically separated from atmosphere by a minimum of 

two UHV gate valves. When source materials need to be refilled, or parts of the system need to 

be fixed or maintained, the entire system must be vented to atmospheric pressure. Such an 

“opening” should ideally only be necessary every 6-12 months. This section will discuss MBE 

operation, maintenance, and vacuum technology. 

Generation of molecular flux 

MBE is set apart from other methods like MOCVD because the crystal growth process is 

simple vapor-solid deposition, with few extraneous chemical reactions. Growth of a III-V material 

like GaAs may involve the use of elemental gallium flux and molecular arsenic flux, where cracking 

of the molecular arsenic is the only reaction that need occur before epitaxy can proceed. These 

fluxes need not be supplied in stoichiometric ratio – in fact, V:III ratios for growth of zincblende 

III-Vs may range from 2-10. By providing many times the necessary arsenic, gallium flux is turned 

into the growth-rate-limiting parameter, and the immense overpressure of arsenic ensures that the 

surface always has a similar structure. This means that most of the arsenic that hits the sample 

surface evaporates without incorporating, but it serves a purpose for control, and it’s important 

to note that any given atom of arsenic could be incorporated into the film. This is very different 

from MOCVD growth, where more complex chemical reactions occur in the vapor and on the 

film surface, cracking metal ions off of their organic carrier groups, which become waste that does 

not incorporate on the growing film’s surface. For example, when trimethyl gallium is impingent 

on a heated surface, the methyl groups do not become part of the crystal. 

Although effusion cells can operate with only one heating element, a more common design 

is to have a “base” and a “tip” heater holding a thermal gradient across the crucible in order to 
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control the charge of source material. These 

heater zones each have an independent 

power and thermocouple connection for 

feedback. Because every cell design and 

thermocouple placement is slightly different, 

and source material can redistribute within a 

cell over the course of a growth campaign, 

constant recalibration of sources is necessary, 

equating cell thermocouple temperatures 

with flux rates (measured via ion vacuum gauge) and actual growth rate (measured as grown 

calibration sample thickness via x-ray diffraction). For the vast majority of materials, the tip is held 

hotter to prevent deposition of material near the mouth of the cell where the aperture could 

become partially obscured or completely clogged. In the case of PbSe in these DZMM cells (Figure 

2.2), we observe that the initial powder/chunk/flake charge sitting in the bottom of the cell is, 

over time, fully evaporated and redeposited in the “middle” of the crucible, where the walls are 

coldest. During service, if the PbSe charge was not completely depleted before opening, a hollow 

cylinder of solidified polycrystalline PbSe can be found stuck inside the crucible, but can be 

removed to make room for a fresh charge. In the case of certain source materials, notably 

aluminum, the tip is actually held colder than the base to prevent liquid metal from wetting the 

inside of the crucible and creeping up and out of the crucible, where it could freeze and cause 

cracking or short electrical contacts to the cell. Even a single growth day with the aluminum 

temperature inverted can ruin a crucible, necessitating an opening to replace and repair.  

In usage, compound effusion cells like PbSe are slightly different in that the output flux is 

not guaranteed to be a constant composition. With separate gallium and arsenic cells, the V:III 

 

Figure 2.2 – Thermal effusion cell. 
A DZMM cell from Riber (picture, and 
annotated picture). This typical effusion 
cell has a conical crucible with two heated 
zones, and fits on a standard conflat flange. 
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ratio while growing GaAs is easy to tune, but with a single compound PbSe cell, the VI:IV ratio is 

subject to the specific species evaporated from the cell. Solid PbSe, when heated, can be a source 

of PbSe molecules, elemental Pb, Se, single component molecules like Se2, or multi-component 

molecules like PbSe2. All of these evaporated molecules can reach the substrate in equal 

proportion, but the evaporation rate for any given molecule is dependent on many factors. Figure 

2.3 shows the vapor pressure of various molecular species that can be evaporated from a solid 

PbTe source. In this case, Pb1Te1 is the primary evaporant by nearly two orders of magnitude at 

relevant temperatures. Although overwhelming from a structural perspective, this ~1% level of 

Pb, Te, and Te2 species is woefully imprecise from the perspective of doping, as vacancies are 

electrically active dopants in the IV-VI materials - so controlling precise stoichiometry is 

synonymous with controlling carrier density.  

These trace biases in flux 

stoichiometry also eventually result in off-

stoichiometry source charges. IV-VI 

materials have been grown via MBE using 

both elemental and molecular flux, but for 

this research, we utilized solid compound 

PbSe and SnSe sources. PbSe sources are 

known to become Pb-rich over time, as trace 

amounts of extra selenium are evaporated 

early in the growth campaign. The cell starts 

with a stoichiometric charge producing a 

selenium-rich flux, and transitions over time 

to a selenium-depleted charge producing a 

 

 
 

Figure 2.3 – Flux species evaporated 
from a PbTe compound effusion cell. 
An elemental cell may emit only single-
component flux, but a compound cell has 
many options for molecules which could 
evaporate from the source, making the 
total stoichiometry of the flux 
temperature-dependent. In the case of the 
IV-VI rocksalts, IV1VI1 is the most 
common molecule by more than an order 
of magnitude at the relevant temperatures. 
Reproduced from [44]. 
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lead-rich flux. With very careful control, such an off-stoichiometry cell can be supplemented with 

an elemental lead or selenium cell to grow a stoichiometric film. 

Introduction to epitaxial growth 

Epitaxy is the process of organizing atoms into a crystal structure, based on symmetry 

inherited from a crystalline substrate. In MBE, the effusion cells deliver precursor molecules to 

the growing surface, but the placement of those atoms in the solid structure is a function of the 

thermodynamics and kinetics of the free surface. The conceptually simplest crystal growth, where 

an existing crystal structure is simply extended in space by adding atoms, is known as homoepitaxy 

– growing a gallium arsenide film on a gallium arsenide substrate is a common example in MBE. 

The Fm-3m symmetry and basis of the GaAs crystal is applied to the incident gallium and arsenic 

atoms via interatomic forces: nearest and next-nearest neighbor interactions. Each atom landing 

on a growing GaAs surface is guided into place by the atoms of the previous layer, then its dangling 

bonds attract more adatoms for the next layer, and so-on. In general, once source atoms land on 

the free surface, they can migrate reasonably 

long distances before finding a stable resting 

place and becoming part of the solid crystal. 

Figure 2.4 shows a common simplification of 

a growing crystal surface, with cubic atoms 

arranging themselves into smooth steps and 

terraces. One could imagine that with 

octahedrally coordinated cubic atoms, a lone 

adatom would have only a single bond to the 

substrate and would be relatively easy to 

dislodge. An atom stuck to a step ledge 

 

 
 
Figure 2.4 – Classic diagram of epitaxy. 
Octahedrally coordinated “cubic” atoms, 
with 6 bonding “surfaces” each, 
demonstrate preferential adatom 
incorporation at step edges and kinks. The 
number of “dangling bonds” on each 
adatom is inversely proportional to its 
stability on the crystalline surface. 
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would have 2/6 bonds filled, and be roughly twice as stable as a lone adatom. An atom stuck on 

the inside of a crevice could have 3-4 bonds fulfilled, and be extremely hard to free. At higher 

temperatures, where bonds are easier to break and individual adatoms can’t bind to a free surface 

easily, so-called step-flow growth is common, where atoms migrate long distance to step edges 

where they can make multiple bonds to the substrate before becoming part of the crystal. 

When adatom mobility is lower, due to properties of the surface or surface temperature, 

growth can instead occur via a “layer-by-layer” growth mode, where roving adatoms on the 

crystal’s surface collide, stochastically forming stable nuclei that become their own terrace, growing 

outwards via limited step-flow in all directions. In these cases, it’s possible for one complete 

monolayer of atoms to be deposited and filled in before the next layer starts. 

Surface reconstructions and RHEED analysis 

Although mathematically, a crystal continues periodically in all dimensions indefinitely, 

during growth of a real crystal, surfaces need to be considered, and the energetically favorable 

conformation for atoms near the surface of a crystal need not be the same as the bulk unit cell. 

Dangling bonds can link together, creating a dimerized surface, atomic rearrangements may take 

place 2-3 ML beneath the surface, and lone adatoms that are weakly bonded can find a new 

position or desorb from the crystal entirely; these are all examples of surface reconstructions, where 

the nominal structure of the crystal is different at the surface. Additionally, surface relaxation is the 

process by which atoms without full coordination at the surface may move slightly, shifting within 

the unit cell to extend some bonds and shorten others without altering the nominal structure of 

the crystal. Surface relaxation only involves straining of a unit cell, while surface reconstructions 

require entirely different surface atomic arrangements (bonding). 

From a thermodynamics perspective, surface reconstructions decrease the energetic cost 

for truncating a crystal. Free surfaces, and their associated dangling bonds, are energetically 
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expensive, and therefore unstable. The silicon diamond cubic structure, perfectly truncated on an 

(001) plane (Figure 2.5), has 2 atoms per conventional unit cell exposed, forming a square grid 

rotated 45° to the conventional cell. Each of these surface atoms naturally has two dangling bonds 

upwards to the next layer of Si, but in the case of a truncated crystal, they fold in and bind to each 

other, each pair forming a surface dimer. This is probably the simplest example of a crystalline 

surface reconstruction. Although these dimerized atoms have unfavorable bond lengths and 

angles, and need to rearrange for the crystal to grow, this configuration eliminates one dangling 

bond per surface atom, a significant energy savings. The surface unit cell also gets larger during 

this process. The formerly square surface unit cell is now a rectangle, as wide as the original 

periodic cell, but twice as long. Because periodicity is simple to characterize using in-situ 

techniques like RHEED, surface reconstructions are frequently referred to by the decrease in 

symmetry they induce (the size of the unit cell). This simple dimer structure is then a 1×2 

reconstruction. Not all reconstructions with the same periodicity necessarily have the same atomic 

          

Figure 2.5 – Model of a simple 1×2 dimer structure. 

(left) a perfectly truncated (001) surface, with a rectangular unit cell and two 
dangling bonds per surface atom. The red and blue atoms outline the top face of 
the conventional FCC unit cell (red: corners, blue: face center). (right) the 
dimerized structure, with only one dangling bond per surface atom, but a larger 
surface unit cell: a rectangle as wide as the original unit cell and twice as long. 
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arrangement, but for most materials systems, the phase space of possible surface reconstructions 

has been mapped, and periodicity, along with chamber conditions and sample history, are 

sufficient to determine the reconstruction precisely. 

Most surface reconstructions are determined using simulation and high resolution STM, 

and the III-V zincblende materials have some of the most well-characterized surface 

reconstruction phase spaces of any materials system. At a particular temperature and particular 

incident flux (typically group V flux for the III-V materials), the equilibrium surface reconstruction 

changes based on the kinetic freedom for individual bonds and dimers to break, and the availability 

of certain species. Figure 2.6 shows a phase diagram for an offcut GaAs (001) surface, and an 

example of the actual atomic structure of one particular phase. In the example shown, there is not 

enough arsenic to complete the surface, and the free atoms on the surface dimerize to produce a 

more stable bonding arrangement. 

 

 

 

 

Figure 2.6 – Reconstruction mapping in GaAs. 
(left) periodicy-based phase diagram of changing GaAs reconstructions with 
respect to substrate temperature and incident flux[192] (right) α2×4 

reconstruction on GaAs (001) determined by kinematic RHEED[193] and 
STM[194]. Reproduced from [192] and [194]. 
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As a high vacuum technique, MBE has access to in-situ electron diffractometry to analyze 

surfaces during growth. RHEED, or Reflection High Energy Electron Diffraction, is the primary 

method for examining surface reconstructions, and is an important tool in MBE growth used to 

determine sample quality, diagnose specific defects as they form, and calibrate certain growth 

procedures like temperature and growth rate. During growth, an electron beam, typically 10-15 

kV, is directed towards the sample at an extremely glancing angle, less than 10° incidence. This 

beam diffracts from the surface at a similarly shallow angle and produces a pattern on a phosphor 

screen opposite the electron gun (Figure 2.7). Reciprocal space will be discussed in more detail in 

the next section on x-ray diffraction, but essentially, using the construction from Figure 2.16, 

everywhere that the Ewald Sphere intersects with a reciprocal space point will cause a visible spot 

to be projected on the screen. Because of the extremely shallow incidence angle, the electron beam 

only interacts with the first few monolayers of atoms, and because the crystal causing diffraction 

 

 

Figure 2.7 – Mechanism of RHEED image formation. 
An incident electron beam diffracts from the sample and produces a spot pattern 
on a distant screen. This construction relies on the intersection between the 
reciprocal space points that represent the crystal and the Ewald sphere, which 
represents the imaging condition. Neither of these features is an idealized 
mathematical object, so realistically, the pattern observed is the intersection 
between a thick-shelled sphere and reciprocal space points or reciprocal space rods 
of finite radius. The thinner the interaction volume of the beam with the crystal, 
the more reciprocal space points elongate into reciprocal space rods, “relrods”. 
Reproduced from [195]. 
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is then effectively extremely thin, reciprocal space points are stretched out vertically, forming 

reciprocal space rods, or “relrods”. These relrods intersect with the Ewald sphere over a wide area 

and produce streaks on the phosphor screen. 

First and foremost, RHEED patterns are a diffractive technique, so they provide 

information about the periodicity of the lattice. Surface reconstructions are referred to by their 

periodicity (See Figure 2.6), because this parameter is so easy to measure. Figure 2.8a shows a 

series of RHEED images exhibiting different periodicity. In each of these cases, the lattice 

parameter of the underlying FCC crystal is similar, but the periodicity of the reconstruction is 

different. The 4× reconstruction has a much closer fringe spacing then the unreconstructed 1× 

surface. All of these images also show extremely flat surfaces (the 4× is smoothest and the 2× is 

roughest, but only slightly). Figure 2.8b provides examples of RHEED patterns from surfaces 

with widely varying morphology and roughness. On the left, two populations of grains exist on 

the surface, resulting in two superimposed RHEED patterns: one population of grains is smooth, 

resulting in 2D diffraction, 2D relrods, and a streaky pattern projected onto the screen. The other 

population of grains is rough, and as the electron beam interacts with multiple layers of atoms, the 

2D array of reciprocal space rods becomes a 3D array of reciprocal space points, and a set of 

crystallographic spots is projected onto the screen. In this case, the pattern projected is a portion 

of the [110] zone axis of rocksalt. Figure 2.8c shows schematically how multiple layers of atoms 

are involved when a glancing incidence electron beam interacts with a very rough surface. The 

rightmost image of  Figure 2.8b shows a more complicated case, where a rough surface actually 

exhibits flat, crystallographic faceting. In this situation, the 3D diffraction spots formed by these 

features have angled streaks emanating from them, perpendicular to the angle of the facets, formed 

by a similar construction as the original relrods, except now there are multiple flat surfaces pointing 

in different directions. These are coined “chevroned” RHEED patterns, and typically indicate a 
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severely defective growth. Faceted rough surfaces are very difficult to recover with continued 

deposition. 

Because RHEED can differentiate between rough and smooth surfaces, minute variation 

in RHEED intensity can be used to calibrate the growth rate of a material in MBE. At high 

 

 
 

Figure 2.8 – Example RHEED patterns with structural interpretations. 
(a) series of images showing a change in periodicity among surfaces with similar 
lattice constants, but different reconstruction periodicity. The largest surface unit 
cell (4×) has the most closely spaced fringes. All of these surfaces are very smooth, 
exhibiting the “streaks” or “arc of spots” typical of smooth or extremely smooth 
surfaces. (b) RHEED patterns generated by rough surfaces, smooth surfaces, and 
faceted surfaces exhibit differently shaped diffraction spots. (c) Schematic 
demonstration of the mechanism for 3D diffraction. Rough surfaces allow a 
glancing electron beam to interact with multiple layers of atoms. 
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temperatures on an on-axis substrate with a low density of surface steps, materials which grow by 

the Frank-Van der Merwe growth mode can actually grow in discrete steps, where one entire 2D 

layer of atoms is deposited and coalesces into a smooth surface before the next layer begins 

forming. This growth mode depends on high adatom mobility and a significant preference for 

adatoms bonding to island edges and filling surface vacancies. During this process, the surface 

becomes alternately smooth (complete layer of atoms) and rough (partial layer of atoms). Although 

there is some nuance to interpreting these results, especially when considering miscut-induced 

surface steps and stochastic roughening, in general the (000) specular spot in RHEED will 

oscillate in brightness with the periodicity of layer deposition. This means that at a given cell 

temperature, the flux leaving the effusion cell, measured as beam-equivalent pressure by an ion 

gauge, can be calibrated to a known growth rate, measured in monolayers per second. If this 

calibration is repeated weekly or bi-weekly during a growth campaign, very accurate layer 

thicknesses can be achieved, important for optical or dislocation-filtering superlattices and devices 

such as lasers which require many precise layers. In our growth on the Riber system, we only 

recorded RHEED oscillations once, growing GaSb, to compare our temperature/flux/growth 

rate ratios vs. other systems at UCSB. In practice, RHEED oscillations have been observed on 

(111) IV-VI films[51,52], but we have not needed this level of precision, and have not attempted 

the measurement in the (001) or (111) orientation. As a technical note, On the Riber system, 

vibration from the cryopump compressor will vibrate the RHEED system and alter the signal, so 

to measure RHEED oscillations accurately, the compressor should be momentarily unplugged 

(20-30 seconds), and the cryopump temperature should be monitored to avoid a rise that would 

trigger the cryo gate interlock.  

It is important to not rely on RHEED to produce a high quality surface. RHEED is an 

extremely valuable tool for determining how a surface has failed – characterizing relative 
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roughness, facet angle, the orientation of unwanted grains, etc., but RHEED can never confirm 

that a surface is high quality. When we began growing PbSe on InAs, the RHEED signal showed 

a 1x1 streaky pattern immediately after the onset of growth, implying a smooth surface with a 

layer-by layer Van der Merwe growth mode. However, halting growth at this moment and 

analyzing these truncated (10, 30, 60, 90, 120 second) growths in AFM and SEM showed that the 

surface was dominated by flat-topped islands – the streaky diffraction was from the island tops, 

and the relatively small area fraction that fell between the islands was hidden from the grower, 

although adding a significant number of defects to the samples. RHEED should always be used 

in conjunction with microscopy and x-ray diffraction experiments. It is most useful to confirm 

transitions between known states rather than characterize new states. 

Temperature measurement 

Temperature measurement in an MBE is extremely difficult. The UHV conditions mean 

that no convective heat transfer is possible, so we rely exclusively on conduction and radiation to 

heat and cool our materials. Also due to the load-lock vacuum requirements, samples need to be 

mounted to removable holders which rotate in the system, preventing solid mounting of a 

thermocouple probe to a sample, the most reliable way of measuring temperature outside of an 

MBE. This non-contact criterion points towards optical methods like pyrometry, but even optical 

methods come with distinct challenges. The following will be a cursory overview of temperature 

measurement in the Riber system. Fortunately, although nucleation of PbSe on III-V substrates 

does have a growth window, the range of temperatures for good growth appears to be 20-25 °C 

wide, so ultra-precise methods (or combinations of methods) that can achieve sub 5 °C error are 

not needed. 

The stock Riber C21 system comes with a thermocouple to regulate the sample heater. 

Unfortunately, this thermocouple temperature does not adequately represent the sample 
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temperature, especially at relatively low 

temperatures. Figure 2.9 shows the layout of 

the sample heating system. The 

thermocouple is above the heater, which 

warms the back of the sample platen via 

radiative heating. This thermocouple is then, 

at best, measuring the temperature of the 

heater, not the sample. The back of the 

platen may be coated in a material that 

absorbs or reflects more heat, the quality of 

the indium bond between the sample and 

platen can vary significantly (20-30 °C) from 

growth to growth, and the sample itself has 

thickness, and the front may be heated 

rapidly from exposure to radiative heat from 

effusion cells. In order to know the 

temperature of the sample surface with 

precision and repeatability, if not accuracy, 

more complex techniques are required. 

When first growing on the system, 

we used exclusively GaSb substrates, and used RHEED to calibrate the temperature of each 

growth. GaSb transforms from an antimony-poor 1×3 reconstruction (at high temperature and 

low antimony overpressure), to an antimony-rich 2×5 reconstruction (at low temperature and high 

antimony overpressure). For a given antimony flux, this transition occurs at an extremely 

 

Figure 2.9 – Heater and sample 
manipulator assembly. 
(J) main shutter, (H) Sample platen, sample 
facing down, (F) sample heater, (G) 
thermocouple. The thermocouple that 
measures sample temperature is actually 
above the heater, and measures a 
temperature related to the back of the 
sample platen, although physically far away. 
This is not an ideal temperature probe. 
Reproduced from the Riber C21 User 
Guide. 
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consistent temperature, so it was possible to expose the sample to a fixed amount of antimony 

and vary the sample temperature to observe a change from 3× to 5× reconstruction in RHEED. 

By repeating this process for multiple iterations, a highly repeatable sample temperature could be 

obtained. We then assumed local linearity with the thermocouple temperature and measured 

sample temperature as a thermocouple offset from the 3×/5× transition temperature. This 

technique was effective, but was not extensible to other substrates, and linearity of substrate 

temperature with thermocouple temperature did not hold far from calibration. 

When we started working with InAs and GaAs substrates, we migrated to pyrometry. 

Optical pyrometry relies on blackbody radiation, and measures one or two specific wavelengths 

of infrared light. From the intensity of these wavelengths, a crude fit to a blackbody emission 

spectrum can be drawn, and a temperature can be determined. Pyrometry suffers from parasitic 

sources of infrared radiation and inconsistent sample emissivity. In some cases, even sample 

transparency to the relevant wavelengths. First and foremost, pyrometers should not be positioned 

such that specular reflection from the sample allows the pyrometer to receive infrared light from 

a hot effusion cell. Most pyrometers are mounted normal to the sample for this reason, but for 

ease of access, we have mounted our pyrometer at an angle, looking through an unused source 

flange. Critically, the opposing flange is also empty, so there is no cell positioned to shine infrared 

radiation directly into the pyrometer. The other important source of confounding infrared 

radiation in our system is a heated window. There is a heated glass pane inside vacuum in front of 

the pyrometer window to prevent deposition and gradual coating of said window. Less than an 

hour of antimony use within the system can turn an unheated window into an opaque mirror, so 

this modification is necessary. At low temperatures, however, the temperature measured by the 

pyrometer is likely influenced by the temperature of the heated window. 

For consistency, we always measure the temperature of the substrate before deposition of 
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IV-VI material. Due to the infrared-transparency of III-V substrates, the actual pyrometer 

measurement is likely the temperature of the indium between the sample and the platen, but as 

soon as a narrow-gap IV-VI material is deposited, the measured sample temperature appears to 

drop. Likely because the IV-VI material absorbs infrared radiation before it exits the sample and 

reaches the pyrometer. For accurate temperature measurement, the pyrometer needs to be 

programmed with the real sample emissivity. In reality, a useful value of emissivity would account 

for sample composition, roughness, and reflectivity, and the infrared absorption of the UHV 

window(s) between the sample and the pyrometer. For precise and repeatable temperature 

measurement, all of these factors must be maintained identical from growth to growth. The 

extreme difficulty of measuring absolute temperature within an MBE system means that most 

reported temperatures in MBE literature are wrong, but relative temperatures from one growth to 

the next can be extremely precise.  

Ultra high vacuum 

MBE is an ultra-high vacuum (UHV) technique, meaning that the growth takes place 

below approximately 10-9 torr background pressure. In practice, our pressures were much lower, 

and a well-conditioned system can idle approaching 10-11 torr when not growing. The necessity of 

UHV for MBE comes in the problem of source material delivery and layer purity.  

Vaporized species in UHV do not behave intuitively as a typical gas or fluid, but instead 

as isolated billiard-like particles whose behavior is dominated by collisions with solid surfaces. The 

mean free path of a particle in air at atmospheric pressure is less than 100 nm, so at ambient 

pressure, evaporated species can only travel tens of nanometers before scattering off of another 

gas molecule in the air and relying on diffusion for long distance transport rather than ballistic 

flight. In clean UHV systems, though, the mean free path can be on the order of kilometers, 

meaning that interactions between gaseous particles do not occur. Individual particles fly in nearly-
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straight line ballistic trajectories from one surface to the next, parts of the internal equipment or 

chamber walls. With each collision, these particles interact with a surface, sometimes bouncing, 

and sometimes adsorbing. If the particle loses sufficient energy or lands on a chemically receptive 

surface, it can even become permanently trapped, and this is the foundation for many pumping 

systems.  

Ballistic transport of species within a vacuum chamber makes precise material delivery 

possible. An effusion cell can be heated and the material within will evaporate at an inconsistent 

rate as the cell heats up, but because the evaporated material must travel in straight line trajectories, 

all of the cell’s output can easily be blocked with a mechanical shutter. Without diffusion, there is 

no way for evaporated species to avoid impacting the shutter, and because the shutter will be at 

room temperature or below where the evaporated species is hundreds of °C, evaporated atoms 

are more likely to adhere to the back of the shutter than rebound towards the effusion cell. 

A pressure of 1×10-6 torr corresponds to a growth rate of approximately one monolayer 

of atoms every second, assuming that every atom to collide with the surface adheres (known as a 

sticking coefficient of 1.0). This means that even with a low sticking coefficient, for high pressures, 

there will be many collisions of vapor molecules with solid surfaces, and many opportunities for 

foreign species to incorporate into the growing film, becoming point defect substitutionals or 

interstitials, more than likely degrading the electrical capabilities of the grown material. Crystalline 

purity depends on chamber cleanliness. 

Achieving low pressures 

Pumping of UHV systems requires a variety of techniques and technologies. There is no 

single pump that can remove the atmosphere from an MBE chamber and lower its pressure to 

UHV range. The requirements to pump large quantities of gas at high pressures are distinct from 

methods that excel at removing every trace of gas in a ballistic transport regime. In practice, two 
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or three stages of pumping are common, with many auxiliary pumps and procedures to remove 

certain contaminants like water. 

Removal of large volumes of gas is done by a “rough pump” like a scroll, rotary vane, or 

diaphragm pump. The most prototypical mechanical displacement fluid pump is probably a 

cylindrical piston with input and output check valves at its base. On the instroke, fluid from one 

side is drawn into the piston, and on the outstroke, the same fluid is expelled through a different 

valve to the outlet. In achieving negative pressures, mechanical pumps are limited by the minimum 

volume of the pumping chamber during the expelling stroke. If a piston can expand from 1 mL 

to 1000 mL of volume, then it can, at most, achieve a vacuum of 1/1000 of an atmosphere. To 

expel gas during the outstroke, a pump must have an internal pressure of one atmosphere or more, 

so if the pump contains 1 mL of gas at one atmosphere and then expands by 1000×, the internal 

pressure will equivalently drop by a factor of 1000. Because the pump cannot draw in new gas 

from the vacuum chamber without an internal pressure lower than that of the chamber, the 

minimum achievable pressure is 1/1000th of an atmosphere.  

Diaphragm pumps like the one on our Riber system achieve low pressures through 

mechanical displacement, replacing the prototypical piston with a flexible diaphragm that can be 

pressed against the internal chamber walls until the internal volume of the chamber becomes 

vanishingly small. Rotary vane pumps and scroll pumps also achieve extreme ratios, but by 

pressing carefully machined components against each other, in both cases, metal parts tipped with 

elastomer seals which occasionally need to be cleaned and replaced. These pumps can rapidly 

ingest gasses at atmospheric pressure and expel those gasses into atmospheric pressure. Although 

they can typically only achieve minimum pressures in the millitorr range after long periods, they 

are the first line of defense necessary for maintaining a UHV system.  



 
Experimental methods 

32 

Rough pumps are frequently used as “backing pumps” for other high-vacuum pumps 

which cannot expel gas at atmospheric pressure. In Figure 2.10a, the scroll pump and diaphragm 

pump are connected to the chamber only through a turbomolecular pump – a mechanical pump 

will evacuate the chamber through the intermediary turbopump, simultaneously reducing the 

outlet pressure of the turbopump until it can be spun up without air resistance. 

Turbomolecular pumps, known simply as turbopumps, are capable of achieving high 

vacuum, but do not exhaust at atmospheric pressure. They rely on many layers of turbine blades 

which spin at tens of thousands of RPM, with linear speeds roughly equal to the speed of the 

particles of gas it is pumping. Unlike a turbine or centrifugal pump at atmospheric pressure that 

relies on fluid mechanics, a turbomolecular pump catches individual molecules of gas as they enter 

the turbine, and by repeatedly impacting those molecules with tilted blades, imparts momentum 

that pushes them from one end of the pump to the other. If the exhaust of this pump reaches 

high pressures (order of 1-10 torr), the pump begins to feel a load from air resistance, and 

prolonged run at high pressures can put excessive wear on the pump bearings and lead to 

 

 
 

Figure 2.10 – Pumping diagram for the Riber MBE. 
(a) map of the MBE pumping circuits with the auxiliary pumping station 
connected as if for a system opening. Gauges in the buffer and load lock have 
been omitted. (b) Chart of pumping limits for various pumps. Taking a system 
from atmosphere to deep UHV requires at least three pumps and a gate valve. 
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premature pump failure. Turbomolecular pumps are designed to operate at 20-30 krpm 

continuously for years, so engineering limits are important. Because turbomolecular pumps 

exhaust to a higher pressure, they are susceptible to small amounts of backflow, so for achieving 

deep vacuum, a chamber will be evacuated with a turbopump and then that turbopump will be 

gated off and the chamber will be sealed at low pressure before one or more trap pumps are turned 

on to finish the pumping process. 

Trap pumps have no exhaust – they trap all pumped gasses within surfaces and porous 

materials inside the vacuum chamber, away from sensitive equipment. The simplest example of a 

trap pump is a TSP, titanium sublimation pump, or “getter pump”, which holds a small ingot of 

titanium inside a heated filament. When the filament turns on, the titanium heats up and is 

evaporated, depositing a thin layer of pure titanium on the interior of the chamber. This effectively 

turns the walls of the chamber into a single large pump, as O2 and N2 species that impact this fresh 

surface are likely to bind to the metal, forming TiO2 and TiN, which have extremely low vapor 

pressures. Although no nitrogen or oxygen has actually been removed from the chamber after this 

reaction, it has been trapped in a non-volatile chemical, reducing the total amount of free gas 

species. This is an important limitation of trap pumps – if asked to pump too large a volume of 

gas, they can become saturated, and stop pumping. For this reason, trap pumps are only used 

when the pressure in a chamber is already very low, once there is very little gas left to capture 

(Figure 2.10b). 

In UHV conditions where diffusion and gas-gas interactions are nonexistent, the area and 

capture fraction of a pump are important metrics. For example, if every molecule of oxygen was 

captured by a titanium sublimation pump, the rate of oxygen capture increases linearly with the 

area coated by fresh titanium. This rule also holds for exhausting UHV pumps like turbomolecular 

pumps – the pumping rate scales linearly with the area of the front orifice. Systems with extreme 



 
Experimental methods 

34 

pumping requirements like MBEs which use gas sources, require very large tubopumps. 

An ion pump is another form of trap pump, effectively an active version of the TSP. It 

uses an electromagnetic ion trap to charge incoming gas molecules, then accelerates them into a 

titanium target. The accelerated impact is more likely to trap gasses mechanically (by encasing 

them in metal) than a passive free titanium surface which only can trap chemically reactive gasses. 

The high energy impacts in the ion pump also have the side effect of occasionally sputtering 

titanium from the target, creating additional free titanium surface elsewhere in the pump that can 

trap chemically reactive species, reducing the load for accelerated mechanical trapping.  

Cryopumps are the last type of trap pump we operate in the Riber MBE – they trap 

gaseous species by freezing them to a cold surface. Cryopumps absorb energy from free species, 

reducing their vapor pressure and accumulating molecules in a highly porous material like charcoal 

below 20 Kelvin. Unlike TSPs and ion pumps, cryopumps have very porous capture surfaces, 

meaning they can pump relatively large quantities of gas, allowing them to be turned on at higher 

pressures than most trap pumps. They can also be exhausted, although this is a cycling of the 

entire pump, so it can’t be exhausted and continue to pump simultaneously. Exhausting a 

cryopump is known as “regeneration”, and involves allowing a saturated cryopump to warm to 

ambient temperature while vaporized species are removed with a rough pump. In some cases, a 

cryopump can actually be heated during this process to vaporize as much adsorbed material as 

possible. The large pumping volume of a cryopump allows this process to be facilitated entirely 

with a rough pump like a scroll or diaphragm pump. When the roughing pump has fully evacuated 

the cryopump below 10-3 torr, the cryopump can be isolated and the cryopump temperature can 

be lowered from room temperature to 8-20 Kelvin using a compressed helium cryostat. Once the 

pump is cold, the gate separating it from the vacuum chamber can be opened, and it will begin 

capturing gas from the chamber in its cold porous getter material. Because any rise in temperature 
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of this pump results the release of gasses into the chamber, it is good practice to have the 

cryopump gate valve on an interlock – if the temperature of the pump rises above a specific 

threshold, the gate will close, preventing the warming pump from polluting the chamber with 

evaporating species. 

One common vacuum pump that we don’t use on the Riber MBE is a diffusion pump. 

The diffusion pump is based on a stream of hot low-vapor-pressure oil catching gas molecules in 

its flow. (The “diffusion” in “diffusion pump” implies that gas cannot diffuse against this oil flow. 

There is actually a continuous film of flowing oil separating ultra high vacuum from ~1mbar 

pressure. If this flow ever stops, or the sheet of oil is interrupted, then gas can backflow into the 

vacuum chamber. The same way that the blades in a turbopump impart momentum to individual 

molecules of gas via impact, any gasses from the vacuum chamber which impact the high-speed 

sheet of flowing oil will become ensnared, and flow to the oil reservoir at the base of the pump, 

where the captured air is removed by a rough pump and the oil is recycled to maintain the 

necessary continuous flow. Unlike turbopumps, diffusion pumps, backed only by a mechanical 

rough pump, can reach down to 10-10 torr. This phenomenal range of operation makes diffusion 

pumps unique. However, the necessity of maintaining the oil is a significant downside. Oil itself 

can backflow and contaminate the interior of the vacuum chamber, and the oil cannot be exposed 

to air without rapidly degrading, so a rough pump failure can simultaneously cause a diffusion 

pump failure and a dirty system vent. 

Despite these challenges, diffusion pumps are able to maintain very high vacuum using 

mechanical force alone (no chemical reactions necessary) and so pumps all gaseous species 

effectively, meaning that certain contaminants difficult for other pumps to capture can be removed 

by a diffusion pump. In the extreme cases where such a system would be necessary (ie. high 

mobility growth), the diffusion pump can actually be situated behind some type of cryo trap to 
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eliminate backflowing oil into the main chamber.  

Riber pumping sequence 

To achieve a quality ultra high vacuum in our MBE, starting from atmospheric pressure, 

a weeks-long procedure is necessary. This section will refer to components in the vacuum 

plumbing map and pump sequence chart from Figure 2.10. Although the pumping configuration 

after the move may be different, for the past years, a portable auxiliary pumping station has been 

used to assist with system openings. In an ideal case, the system was vented with ultra high purity 

nitrogen, and that nitrogen flow was maintained to keep positive pressure in the chamber during 

service. This discourages inflow through open flanges and reduces the amount of water and other 

gasses that enter the chamber through removed cells, viewports, or other mechanisms. The 

auxiliary pumping system included a roughing scroll pump and a small turbopump, and could be 

connected to the system using flexible stainless steel line through the vent port. 

When the chamber needs to be evacuated, the scroll pump removes the vast majority of 

the air in the system, and once the system pressure has dropped into the millibar range, the 

turbopump can be turned on to begin heading towards UHV. This should drop the system 

pressure into the 10-7-10-8 torr range, but the gate to the cryopump can be safely opened once 

below 10-4 torr. The significant pumping volume of the cryopump will rapidly decrease the 

chamber pressure by an order of magnitude, and at this point, backflow through the turbopump 

becomes a factor, so the vent valve can be closed, isolating the system with its three trap pumps. 

We typically turn on the ion pump once the system reaches 10-6 torr, and the TSP is not re-

sublimated until much later in the process. 
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One of the most significant hindrances to achieving ultra high vacuum is adsorbed water 

vapor. Water in a chamber can be identified as a series of isotopic peaks, with the most prominent 

at 18, for H2O
16. If a chamber is ever exposed to wet air, all of the interior stainless steel surfaces 

become coated with adsorbed water. After the system is pumped down to high vacuum, this water 

very slowly desorbs and is pumped away, but this process takes an extremely long time at ambient 

temperatures, and most systems contain a not-insignificant amount of water, even after careful 

management of open flanges during service. To remove this water, the entire system must be 

baked at a high temperature (Figure 2.11). All heat-sensitive components (magnets, motors, plastic, 

etc.) are removed, and a box of thermal insulation is assembled around the chamber with built-in 

heaters. Portions of the system outside this box are wrapped with heater tape and aluminum foil 

for insulation. In addition to external heating, Sample manipulators and effusion cells are ramped 

up inside the system within uncooled limits. During a bake, the goal is to remove adsorbed species, 

but these species will re-accumulate in the coldest part of the system, so keeping the effusion cells 

hot (and the source material contaminant free) is critical to a successful bake.  

After the system has been pumped down at high temperature for 4-10 days, the system 

 

Figure 2.11 – MBE System “on bake”. 
(a), optical, and (b), thermal. These pictures were taken after the initial installation 
of the system, so both the buffer chamber and the main chamber are being baked 
– normally only the main chamber is vented so only the main chamber needs to 
be baked. This bakeout was also before the installation of the cryopump, so ion 
pumps were doing the bulk of pumpdown. 
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can be cooled down and the pressure drops rapidly. Water that would have taken months or years 

to pump from the system can be eliminated by a 1-2 week bake, and with those high-vapor-

pressure species gone, the chamber is much cleaner. All of the pumps can be enabled; the TSP 

can be re-sublimated, and the cryopanel can have liquid nitrogen flow through it, which acts as a 

sort of cryopump inside the main chamber, enhancing the capture of species evaporated from 

effusion cells and the sample surface. 

III. X-ray DIFFRACTION 

Introduction 

X-ray diffraction is an extremely valuable technique allowing for cheap and rapid 

evaluation of the crystalline quality of a sample with no sample preparation. In x-ray diffraction, 

an x-ray source (typically a high power electron beam incident on a water-cooled copper target) is 

fed through a monochromator to isolate a particular wavelength (Typically Cukα at 1.54 Å), and 

then this monochromated beam is incident on the sample in question. These x-rays are reflected 

from the sample at angles dependent on the material’s crystallinity and detected by a scintillator 

or solid state x-ray detector. The x-ray source, sample, and detector are all held at exact angles to 

each other by a sophisticated goniometer with typical angular precision on the order of 0.001°.  

Individual atoms within a material act as scattering centers for the x-ray photons, but 

atoms arranged into ordered planes, like those found in a crystalline material, can collectively 

reflect x-rays – every planar array of atoms can act as a mirror for x-rays given the right condition. 

The variety of planes found in any given crystal structure produce many simultaneous diffracted 

beams based on Bragg’s law. By examining the position, shape, and size of these diffraction spots 

with a mobile detector, the material’s mosaicity, orientation, defect density, thickness, and strain 

state, can be determined. 
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Bragg’s Law 

Bragg’s law is the foundation of x-ray diffraction, predicting the angles where diffraction 

spots will appear in angle-space so they can be detected and measured. Figure 2.12 shows the 

geometry of Bragg’s law. A beam of monochromatic x-rays are incident on a crystalline sample, 

reflecting from a particular crystal plane at an angle θ. Because the incident beam is collimated, 

and the crystal planes are parallel, the outgoing x-ray photons are always parallel, having turned by 

an angle 2θ. However, the crystal is a 3D material, and separate parallel planes of atoms occur at 

regular intervals, so there are many planes any given x-ray photon could reflect from. In this case, 

two parallel planes of atoms are separated by a distance d. In order to produce a strong reflection, 

the reflected x-rays from all layers of the crystal must constructively interfere as they leave the 

sample, so we need to compute the additional path length traversed by the x-rays reaching every 

subsequent layer, 2d*sin(θ), and ensure that that additional path length is an integer multiple of 

the x-ray wavelength, nλ. 

The full statement of Bragg’s law, 

2d*sin(θ)=nλ, is actually quite a simple 

expression. d is the interplanar spacing 

between the crystal planes producing the 

reflection; θ is the angle of incidence of the 

beam on the crystal planes – it’s worth noting 

that these crystal planes are rarely aligned 

with the surface of a sample, and physical 

sample tilt is described with a different angle 

ω in the next section. The full scattering angle 

2θ is unambiguously measured in practice via 

 

 
 
Figure 2.12 – Bragg’s Law geometry. 
Two crystalline planes are shown, with 
incident x-rays reflecting from them both. 
The extra path length for the x-rays to 
reflect from the lower plane is 2d*sin(θ). 
For constructive interference, this extra 
path length must be an integer number of 
wavelengths. It’s worth noting that real 
crystals are many layers thick, so even a 
close match in path length, spread over a 
large number of planes, will wash out to 
zero. The Bragg conditions for high quality 
3D crystals are extremely narrow. 
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positioning of the source, sample, and detector; λ is the wavelength of the incident x-rays, typically 

1.54 Å; and n is an integer – the order of the reflection, effectively the number of full wavelengths 

that separate the path lengths of photons reflecting from adjacent crystal planes. When this 

condition is fulfilled, strong reflections of x-rays from the crystal are observed, but even slight 

deviations from this condition will cause destructive interference from the multitude of crystal 

planes in any given sample, destroying the reflected intensity. 

Strictly speaking, with perfectly monochromatic x-rays incident on a perfect crystal, the 

Bragg condition necessary to see a reflection would be infinitesimally small, and we would never 

expect to see x-rays reflected from a crystal, however none of these measurements is perfect. The 

incident x-rays have a distribution of wavelengths, the goniometer stage containing the x-ray 

source, detector, and sample is of finite size, as are the actual source and detector, meaning that a 

distribution of 2θ angles are being polled with each measurement, and most importantly, the 

crystal planes of the sample are imperfect and exhibit a distribution of widths and tilts. The actual 

“width” of the Bragg peak in angular space as you sweep the detector through different 2θ values, 

is a convolution of all three of these uncertainties. High-resolution x-ray diffractometry is based 

on a highly monochromated source and optimal geometry for angular measurement, so that any 

measured peak width should be dominated by the crystalline quality of the sample, but the 

following sections will bring up examples where specific usage or improper setup can result in 

measuring a peak limited by angular distribution or wavelength distribution instead of sample 

quality.  

Reciprocal Space 

Reciprocal space is a convenient geometric construction where diffraction spots in 

reciprocal space correspond to sets of planes that exist at various spacings and angles in a real 

crystal. The basis vectors of reciprocal space have units of length-1, and the lattice of “diffraction 
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spots” which appear in reciprocal space 

constitute the Fourier transform of a real-

space lattice representing a physical crystal 

structure. An example of this transformation 

is in Figure 2.13.  

Although at first it feels arbitrary, 

reciprocal space is extremely convenient for 

X-ray diffraction measurements because it 

immediately contains all of the relevant 

information for a diffraction experiment. In 

order to detect a Bragg reflection from a 

particular set of crystal planes, you need to 

know d, the spacing between those planes, 

and the angle those planes make with another 

known direction. The reciprocal space point 

corresponding to those real space planes tells 

you both of those pieces of information. 

If you imagine reciprocal space 

projected out from the crystal (Figure 2.14), 

a near-perfect crystal would create a near-

perfect reciprocal lattice, with vanishingly 

sharp ≈δ3 lattice points, but real crystals 

contain defects like dislocations, grain 

boundaries, and stacking faults, which all 

 

Figure 2.13 – Reciprocal Space example 
with FCC and BCC Bravais lattices. 
(a) FCC and BCC lattices are reciprocals of 
one another, meaning if you take the 
Fourier transform of either one, you get 
the other. This is convenient for materials 
scientists because these two highly 
symmetric lattices appear in many real 
space crystals and are well-understood. (b) 
Real space and reciprocal space are 
graphically linked by the relationship 
between planes in a crystal. In this 
example, two sets of planes are indexed in 
a real-space FCC lattice, and they 
correspond to points in a BCC lattice. 
From the origin, the angle perpendicular to 
the plane is maintained, and the distance 
from the origin to the reciprocal space 
point is the inverse of the distance between 
the relevant real-space planes. Note the 

close spacing of the purple (113) planes in 
real space, but the long length of the vector 

to the (113) point in reciprocal space. 
Also notice that in this construction, vector 
addition continues to work in reciprocal 
space. All indexing remains self-consistent.  
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induce a slight degree of local misorientation. This “noise” in the crystal structure is frequently 

depicted as nanoscale grains which are perfect, but mutually tilted, known as “mosaicity”. Each 

localized mosaic element projects its own slightly tilted reciprocal space, and any x-ray 

measurement with a typical beam spot size on the order of hundreds of microns or even 

millimeters will necessarily be an average over many mosaic grains, so the once-sharp reciprocal 

space points will be smeared-out averages of many locally misoriented crystallites, and a strong 

Bragg reflection can be seen from a wide distribution of angles.  

Scanning reciprocal space with x-ray diffraction 

It’s important to remember that reciprocal spots projected from a defective crystal are 

irregularly shaped 3-dimensional objects, and x-ray diffraction offers us a number of routes to 

probe the shapes of these spots and learn about our crystals. One of the most common XRD 

measurements is known as a 2θ-ω scan, because both the sample tilt ω and the detector angle 2θ 

 

Figure 2.14 – Reciprocal space and mosaicity. 
Reciprocal space projected from (a), a perfect crystal, and (b), a crystal with 
mosaicity. (c) shows a reciprocal space map collected using x-ray diffractometry to 
directly image reciprocal space points of a substrate with two films grown on it. 
X-rays can penetrate microns into most semiconductors, so it is possible to record 
data that is not only a spatial average across the surface of a film, but also an 
average in depth, across multiple layers of material. The top peak in this example 
is perfectly round and very sharp because it is a Bragg reflection from the substrate, 
a near-perfect crystal, while the lower two spots are Bragg reflections from 
mismatched films grown on that substrate, and they contain significant mosaicity, 
causing a smearing of the reciprocal space points. 
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change in unison. Three examples of 2θ-ω scan geometries are depicted in Figure 2.15, a symmetric 

scan and two asymmetric scans. Notice that the third scan is an example of a forbidden reflection, 

and will produce no result. A 2θ-ω scan in terms of Bragg’s law sweeps through a variety of 

interplanar spacings without changing the orientation of the sensitive plane – a symmetric scan is 

effectively taking a 1D sample through reciprocal space, along a straight line pointed away from 

 

 
 

Figure 2.15 – Probing different reciprocal space points. 

(a) 2D slice of reciprocal space for an (001)-oriented FCC crystal with a lattice 
parameter of 6.12 Å and an x-ray wavelength of 1.54 Å, with limiting circles shown. 
Outside the large circle, the relevant diffracting planes are spaced too closely to 
allow for Bragg diffraction, even with the source and detector normal to the 
surface. We also cannot access the reciprocal space points that fall inside the 
smaller circles, as those geometries necessitate one of the goniometer arms falling 
behind the sample, where the bulk of the sample and the sample stage absorb the 
diffracted beam. (b) an example of a symmetric 2θ-ω scan is shown (reproduced 
from Figure 6.10a). (c) Three examples of physical detector geometries are shown, 

with an on-axis symmetric scan of the (004) point, an off-axis 2θ-ω, and an off-
axis 2θ-ω scan through the forbidden region, demonstrating the impossibility of 
the necessary detector placement. 
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the origin. These samples of reciprocal space are marked as red lines in Figure 2.15, and the sample 

geometry necessary to probe each reciprocal space point is shown. The width of this peak indicates 

a distribution of inconsistent interplanar spacings within a crystal. Rocking curves are XRD scans 

where the x-ray source and the detector arm remain fixed, selecting a particular interplanar spacing, 

and the sample is tilted through various conditions until the peak is found. As many samples have 

mosaic tilt which smears reciprocal space points laterally, rocking curves are a good method for 

directly measuring this mosaicity. Instead of the sample rotating through multiple tilts, it’s also 

valid to imagine the source and detector arms moving in unison around the sample, looking for 

the same crystalline plane which may appear at different angles. In Figure 2.16, ω scans trace the 

magenta lines through reciprocal space, curving about the origin. Such a scan can only measure 

the tilt of the sample in one direction, but for many films grown on substrates with low rotational 

symmetry, spinning the entire sample by 60° or 90° and repeating the measurement may yield a 

 

 
 
Figure 2.16 – Scanning through reciprocal space in different directions. 
(a) shows a map of reciprocal space, with three different types of scans highlighted 
through two different reciprocal space points. 2θ-ω scans measure a distribution 
of interplanar spacings; ω scans measure sample tilt mosaicity at a fixed interplanar 
spacing; and 2θ scans, take an oblique cut through reciprocal space. (b) shows the 
detector motion geometry for each scan: 2θ-ω scans require symmetric motion of 
both detector and x-ray source; ω scans require simultaneous motion of both 
source and detector with respect to the sample – in practice, the detector arm is 
fixed and the sample is rotated through the relevant condition; 2θ scans only 
require motion of the detector arm. 
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more complete picture of the relevant reciprocal space point. 2θ scans are less common, but 

sometimes are used for alignment, and are important to consider for reciprocal space mapping 

with a 1D pixelated detector. In a 2θ scan, the sample and the x-ray source remain fixed while the 

detector arm moves back and forth, sweeping through reciprocal space diagonal to both the 2θ-ω 

scan and the ω scan. The exact direction in reciprocal space taken by a 2θ scan is determined by 

the Ewald Sphere construction, shown as a dotted line in Figure 2.16, with the 2θ scans shown in 

green. For planes with very narrow interplanar spacing (far from the origin in reciprocal space) 2θ 

scans closely resemble ω scans, while for very wide planes, close to the origin in reciprocal space, 

2θ scans more closely resemble a 2θ-ω scan. Because the 2θ scan does not isolate either angle or 

interplanar spacing, it is less useful as a lone scan, although the ease of acquisition (ie. only 

requiring motion of a single arm) lends itself to multi-scan measurements. 

Some XRD systems have 1D detectors with a pixel array on the detector arm, effectively 

allowing for the instantaneous capture of a short 2θ scan by reading the x-ray intensity from each 

pixel instead of physically moving the arm through space. Such a pixel array typically doesn’t have 

the resolution of a high quality scan with a moving analyzer, but with this speed, many scans can 

be taken in a short period of time. Specifically, if 2θ scans are taken at a variety of ω tilts, a 2D 

slice of reciprocal space can be imaged, known as a reciprocal space map (RSM) (Figure 2.17). 

After the relevant transformations, this technique yields an actual image of reciprocal space, and 

allows for analysis of a reciprocal space point, detecting irregularities in tilt (ω) and spacing (2θ-ω), 

and more importantly, visualize the relative positions of reciprocal space points from multiple 

strained layers in a film.  

The RSM pictured in Figure 2.17 was recorded on a sample with three discrete layers, all 

of which have their own composition, crystal structure, and strain state. In an RSM, a lateral (Qx) 

offset of a peak from its expected position indicates in-plane strain, and a vertical (Qz) offset 
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indicates out-of-plane strain. For a sample which consists exclusively of fully relaxed cubic layers 

with different lattice parameters, we would expect all of the (2̅2̅4) reciprocal space points to fall 

on the same line, tracing back to the origin. This would imply that all the (2̅2̅4) planes are parallel, 

but exhibit different interplanar spacings. However in this RSM, the dashed line drawn from the 

substrate towards the origin of reciprocal space does not intersect either of the film peaks, implying 

both are strained at room temperature. The GaSb peak is extremely intense and narrow, as a wafer 

of near-perfect single-crystalline GaSb was used as a substrate. A layer of InAsSb, a III-V material 

with a different lattice parameter, was grown on this substrate. If we draw a line from the center 

of the GaSb peak to the origin of reciprocal space (in the direction a 2θ-ω scan would sample), the 

InAsSb peak falls below this line, implying compressive in-plane strain. The PbSe layer grown on 

top of the InAsSb buffer lies almost directly above the InAsSb peak, indicating almost no in-plane 

relaxation between these two layers. The PbSe peak also lies above the line of relaxation, indicating 

in-plane tensile stress in that layer at room temperature. For 1D scans like rocking curves (ω scans) 

 

Figure 2.17 – Reciprocal Space Mapping. 
A series of 2θ scans are recorded using a 1D pixel detector, and in between scans, 
the sample is tilted by a fraction of a degree, so the 2D dataset spans both 2θ and 
ω. These traces are combined and transformed into reciprocal space coordinates 

so that the reciprocal space spots corresponding to the (2̅2̅4) planes in the sample 
can be fully visualized. In this case, spots from a GaSb substrate and two film 
layers can be seen (Sample structure on far right). The InAsSb buffer and the PbSe 
layer have significant mosaicity, and their reciprocal space points are smeared out 
in the ω direction. A standard 1D ω scan would represent an angled cut through 
one of these spots along the stretched direction. 
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and 2θ-ω scans, the most important measured parameter is typically the peak width, measured as 

the full width at half max (FWHM). If you take a rocking curve measurement, you want to know 

the distribution of tilted mosaic grains in your sample as a function of angle. The FWHM provides 

a quantitative metric to describe this spread in tilt angle. However, if the detector itself measures 

angles imperfectly, we could define a FWHM for the detector’s sensitivity distribution. Likewise, 

we can define a distribution of wavelengths emitted from the x-ray source, not assuming the beam 

is perfectly monochromatic. The actual measurement made by the system is necessarily a 

convolution of all of these distributions, and if the actual material parameter doesn’t have the 

largest spread, no scan will be able to measure it accurately. Any results will only effectively be 

measuring the equipment error. Figure 2.18a shows the effective “probe shape” of a typical 

diffractometer in reciprocal space. Visually, this shape is moved through reciprocal space for any 

given scan, and convoluted with the shape of the reciprocal space peak being measured. The angle 

ω is the incident angle of the x-ray radiation from the source. The physical tilt of the sample can 

be mechanically controlled to high precision, so the limiting factor on ω precision is spread of the 

incident beam. In both cases depicted, a 4-bounce monochromator is assumed, so the incident 

beam is extremely narrow and the spread in ω is small. A 4-bounce monochromator is a set of 

carefully positioned, structurally pristine silicon surfaces that the beam reflects from, only allowing 

one specific narrow reflection to exit the x-ray source. The angle 2θ is measured as the angle from 

the source to the sample to the detector, so beam spread after leaving the sample can be a limiting 

factor. It’s possible to run most diffractometers in an “open detector” mode, where a wide range 

of 2θ values are accepted to increase signal, but this comes at the expense of 2θ precision. The 

effective probe gets thicker in the 2θ direction if an open detector geometry is used, and is narrow 

if extra optics before the detector are used to cut down the acceptance angles. 

The last angle mentioned in this diagram, ϕ, is rotation about the sample normal (Figure 
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2.18c). For a sample with mosaic twist, as opposed to mosaic tilt, reciprocal space points could 

spread out in the ϕ direction. Unfortunately, typical diffractometers have extremely wide 

acceptance ranges in the ϕ direction, so a simple ϕ scan will only measure mosaic twist in the case 

of an exceptionally defective sample – the probe is almost always going to be wider than the signal. 

To address this, and measure mosaic twist with accuracy, the sample can be mounted in the “skew-

symmetric” geometry, where the sample is rotated 90° in ϕ and canted sideways in the χ direction 

until the relevant reciprocal space point can be probed “sideways” with a regular ω scan. The last 

important example of artificial measurement broadening we will discuss here is glancing-angle 

measurements. One of the most common off-axis measurements we use for (001)-oriented PbSe 

films is the (224) peak, which is extremely close to the forbidden region where one probe would 

be behind the sample. That means that either the source or detector will be nearly parallel to the 

sample surface. As shown in Figure 2.18b, the physical area of the sample illuminated becomes an 

important variable. In a glancing exit geometry, a very small area of sample is illuminated, and an 

even narrower reflected beam is emitted, but in a glancing-incidence geometry, a very large area is 

 

 
 
Figure 2.18 – Probe “shape” in reciprocal space. 

(a) shows the 3d reciprocal space “probe” shape with respect to the ω, 2θ, and ϕ 
directions. (b) Glancing incidence vs glancing exit geometry, and their effect on 

beam detection. (c) position of the ϕ axis in 3D reciprocal space, with the effective 

probe shown in blue. As the probe extends wide horizontally, a simple ϕ scan 
does not accurately measure sample mosaic rotation. 
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illuminated, and an extremely wide beam is reflected from the sample. Although this wide beam 

is strictly parallel, and at very long distances, the spatial extent of the beam shouldn’t matter to an 

angular measurement, diffractometer goniometers are finite in size, and such a wide spread in x-z 

space is interpreted as a wide distribution of reflection angles in angle-space. It’s important to 

consider all these factors to minimize the probe size in reciprocal space, and scan through a 

reciprocal space point in the proper way to infer the desired material parameters. 

IV. ELECTRON MICROSCOPY 

Introduction 

Electron microscopy is a very important class of characterization tools, allowing for 

analysis of surface morphology, chemistry, grain structure, sample thickness, interface atomic 

structure, and defect structure. In general, electron microscopy can reach higher resolutions than 

optical microscopy because the wavelength of 10-100 kV electrons is much smaller than the 

wavelength of optical or even ultraviolet light. However, the capabilities of electromagnetic lenses 

for electron focusing are relatively primitive when compared to the precision ground optics 

employed by modern light microscopes, and since electrons are charged, coulombic repulsion can 

also contribute to defocusing of a beam. Resolution in an electron microscope is currently limited 

by lens aberration rather than physical diffraction and resolution limits. 

In any form of microscopy, it is important to visualize an image as the sum of many 

sources of contrast. The same way a greyscale image taken by a digital camera may be the element-

by-element sum of the red, green, and blue channels, a backscatter scanning electron micrograph 

may be a single image made from many components. Z-contrast, topographical contrast, and 

channeling contrast may be convoluted, and separating these “original” channels is impossible. 

Proper interpretation of electron micrographs comes from identifying important features in the 
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image and understanding which contrast-forming mechanism is responsible for each. This process 

becomes challenging as these image-forming mechanisms become more overlapping and complex, 

so frequently, imaging conditions are designed to amplify only a particular type of contrast, like 

putting a colored filter over an optical camera. 

On the other hand, with scanning techniques, images can be captured using multiple 

detectors simultaneously, and we find ourselves in the opposite situation. For example, taking an 

SEM image involves rastering an electron beam over an area and detecting radiation from the 

sample. If we simultaneously build an image using a backscatter detector and a secondary detector, 

we effectively have an image with two channels of data, but each of these channels, again, is made 

from a number of different contrast sources. Granted, with careful setup, each detector can be 

made to amplify a different contrast-forming mechanism, making critical feature identification 

easier when comparing data from multiple detectors. 

Scanning Electron Microscopy 

Scanning electron microscopy (SEM) is the most basic and most common electron 

microscopy technique. SEM can provide topographical, chemical, and orientational contrast on 

the surfaces of materials with little to no sample preparation. During scanning electron 

microscopy, a high-energy (1-30 keV) focused electron beam is incident on the sample. As these 

electrons interact inelastically with the sample surface, they donate some energy to the crystal, a 

fraction of which is emitted as so-called secondary electrons, which exit the sample surface with 

energies less than 50 eV. These secondary electrons can be collected with a positively charged 

detector, and the rate of secondary electron collection provides an analog of optical “reflectivity” 

or “brightness” for the exact site on the sample where the electron beam is positioned. By rastering 

the focused beam across the sample surface, this (now time-varying) secondary electron signal can 

be used to build up an image of the sample surface. Dwell times on each pixel are on the order of 
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hundreds of nanoseconds to tens of microseconds, so high resolution images can be assembled 

quite quickly. Secondary electron emission provides largely topographical contrast based on the 

geometry of the sample surface and the position of the SE detector. The most common secondary 

electron detector is an Everheart-Thornley detector (Figure 2.19a), which attracts secondary 

electrons with a wire mesh held at a low positive voltage (200-300 V), and then accelerating the 

captured secondary electrons into a scintillator with a much higher potential, in the kilovolt range. 

Because secondary electrons emitted from a sample surface are relatively low-energy, this initial 

300 V potential is sufficient to capture a large fraction of all the secondary electrons detected – 

even if they leave the sample headed away from the detector. However, concave regions of the 

sample, and undulating regions where emitted secondary electrons may re-impact the sample 

surface can affect the signal received. When reconstructed into an image, these effects appear 

similar to shadows cast over a rough surface by light. However, secondary electrons are only the 

 

 
 
Figure 2.19 – Scanning electron microscopy: standard detector geometries. 
(a) an Everheart Thornley Detector uses a static charge to attract low energy 
secondary electrons for detection. (b) backscattered electrons are too energetic to 
be attracted with a small potential, so a solid state annular backscattered electron 
detector is placed above the sample, in the path of the backscattered electrons. 
Segmented backscatter detectors can be used to reconstruct images from multiple 
signals: quadrant detectors, for example, can give extreme topographical contrast 
if an image is created by subtracting the left quadrants’ signal from the right 
quadrants’ signal. 
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most common source of contrast in an SEM. When a high energy electron beam is incident on a 

sample, the energy of that beam is reemitted as secondary electrons, backscattered electrons, 

optical radiation, and x-ray radiation, all of which can be measured with the correct detectors as a 

source of “contrast”, allowing microscopists to map changes in many different material parameters 

over the width of a raster scan. Even sharper topographical contrast, and chemical Z-contrast on 

flat surfaces, can be provided by backscattered electrons. When an incident electron is scattered 

elastically by a nucleus in the sample, it can be re-ejected from the sample surface still with 

significant energy, in the range of keV. These electrons are moving much too fast to be attracted 

by the +300 V potential of an ETD, so they are frequently detected by placing a solid state detector 

in the flight path of the electrons (Figure 2.19b). The intensity of this backscattered signal is 

proportional to the atomic number of the scattering atoms, making backscattered electrons an 

important technique for analyzing multi-component microstructures. Backscattered electrons can 

also provide very high quality topographical contrast with careful detector design. A detector with 

multiple segments creates multiple time-varying signals as the electron beam rasters over the 

sample, and these channels can be mixed to highlight regions of the sample with surface tilt 

towards or away from a particular quadrant of the detector, yielding a more intense version of the 

“cast shadow” contrast observed with secondary electron imaging. 

In the work presented in this document, the most important scanning electron microscopy 

technique used is an emerging variant of backscattered electron imaging known as ECCI, or 

electron channeling contrast imaging. ECCI is a diffraction based technique that utilizes sample 

tilt to provide orientational contrast when imaging crystalline samples[53,54]. This technique 

enables direct imaging of dislocations, grain structures, and stacking faults, because all of these 

defects cause local changes in crystalline orientation. 

To locate and set up an ECCI condition, the electron beam must be incident on the sample 
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surface at a variable angle. While state-of-the-art microscopes are now able to rock the beam’s 

incidence angle back and forth without moving the beam across the sample, the simplest alignment 

entails bringing the sample to a close working distance, defocusing completely to produce a parallel 

beam, and zooming out to sweep the widest possible angle with the beam (Figure 2.20a). When 

imaging a crystalline sample, the backscatter yield will drop at specific angles, Bragg conditions. A 

full discussion of Bragg’s law as it relates to x-ray diffraction was in the previous section – the 

primary difference here is the incident radiation, electrons not photons. For very specific incidence 

angles, determined by the wavelength of the incident electrons and the spacing of the 

crystallographic planes within the sample, electrons are able to resonantly travel far into the crystal, 

a process known as channeling. When they inevitably scatter from deep within the crystal, it is less 

likely that they escape. In practice, this means that there are particular incidence angles where 

backscatter yield drops due to crystallography.  

By rocking the beam back and forth across the sample, the beam’s incidence angle is 

continuously changing. The Bragg conditions appear as pairs of dark bands (Figure 2.20b) across 

the sample, creating a gridded star shape known as a Kikuchi pattern. The form of this pattern 

will depend on the orientation and structure of the material being imaged. The example in Figure 

2.20b is (001) oriented GaAs, imaged on an FEI Quanta, a microscope with a very narrow beam 

convergence angle (highly parallel beam) and a wide maximum beam tilt angle.  

These dark bands do not move when the sample stage is translated, because they aren’t 

created by a feature on the sample, but rather an interaction between crystal planes in the sample 

and the electron beam. However, tilting the sample does appear to move the kikuchi pattern, because 

a “DC offset” is being mechanically added to the continuous tilting of the electron beam. The 

sample must be tilted until the desired condition is centered, frequently the A or B sites marked 

in Figure 2.20b. When the magnification is increased, the area of sample being rastered shrinks, as 
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does the angular space traced by the beam, so the kikuchi pattern appears to expand proportionally 

with the sample. By “zooming into a dark channeling line”, you converge the beam in a channeling 

condition and the backscatter yield drops. Any bright spots that appear in the image at this point 

are formed by defects in the crystal (Figure 2.20c) or surface debris that bears no crystallographic 

relation to the sample. 

Because the ECCI signal depends on channeled electrons not escaping from the crystal, 

where unchanneled electrons are likely to backscatter, we can enhance the ECCI contrast as a 

 

 
 

Figure 2.20 – Electron Channeling and ECCI. 
(a) shows the geometry of Bragg channeling of incident electrons deep into the 
crystal where they cannot backscatter out of the crystal. When the angle of 
incidence is not equal to a Bragg angle, the incident electrons are more likely to 
backscatter near the surface and escape from the surface. (b) Electron channeling 

patterns made from rastering a 30 kV electron beam across an (001) GaAs 
surface, sweeping through a very wide angle in two dimensions. Pairs of Bragg 
conditions appear as dark lines around the zone axis. The bottom pattern is 
annotated with the Miller indices of the crystallographic planes causing each dark 
line. (c) When the electron beam is tilted to a Bragg condition, the backscatter yield 
drops significantly, but where crystalline defects locally tilt the crystalline planes, 
channeling can cease and backscatter signal can spike. This method can be used to 
locate crystalline defects in real space using a scanning electron microscope. 
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fraction of the total signal by only probing 

the backscattered electrons from lower 

takeoff angles[55]. For a channeled incident 

electron deep in the crystal, if it backscatters 

towards the surface, it’s most likely to escape 

if it goes straight up – if it scatters at a shallow 

angle to the surface, it has to pass through 

significantly more material to escape, making 

escape unlikely. One can imagine that the 

backscattered electrons emitted from the 

sample at different angles actually contain 

different information, and by using a wider 

ring of an annular detector, for example, one 

could increase the proportion of ECCI 

contrast in the recorded signal. 

Figure 2.21 shows a progression of 

custom backscatter detectors to enhance 

ECCI contrast. First, a detector with two 

narrow slits was created to restrict 

acceptance angles. By adjusting the working distance – the height of the sample with respect to 

the pole piece and detector slits, images could be taken using backscatter signal from a variety of 

take-off angles. Electron channeling patterns were recorded at each position, and the intensity of 

the (220) line (position B in Figure 2.20b) was compared to the intensity of the [001] zone axis, 

producing the plot in Figure 2.21c. At high angles, channeling contrast is only about 1% of the 

 

Figure 2.21 – Custom ECCI Detector 
developed for high-contrast defect 
imaging. 
(a) early prototype with two solid state 
detectors (b) mounted in the microscope 
with foil covering most of the detector 
area, allowing for backscattered electron 
transmission through a narrow slit at a 
known take-off angle from the sample. (c) 
Take-off angle vs. ECCI contrast (contrast 

of a (220) type line compared to the 

[001] zone axis). (d) final design of the 
detector with two of the eventual four 
detectors installed. (e) incident and 
backscattered electron geometry. (f) early 
test image with the custom detector, 
exhibiting dramatically more contrast and 
signal than the standard annular detector, 
although slightly more susceptible to 
electrical interference due to its larger size. 
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total backscatter signal, but for low angles in the range of 5-15° takeoff, channeling contrast 

exceeds 5% of the total signal. A four-panel detector was designed to capture low-takeoff-angle 

backscattered electrons from all sides of a sample. The detector fits over the microscope pole 

piece, and the sample is raised into the assembly, so it is surrounded by detectors. In practice, at a 

working distance of 6-8mm, this maximizes signal and channeling contrast. In the FEI Quanta 

microscope where this detector was installed, the most important limit to overcome was electrical 

interference, which appeared to be amplified by the custom detector’s larger physical size, and 

somewhat limited scan rate. 

Figure 2.21f shows an example image with many threading dislocations on a GaAs surface. 

Threading dislocations commonly appear as a spot with dark contrast on one side and bright 

contrast on the other side. The alternate strain fields around a dislocation can cause the crystal 

planes on one side to be in a better channeling condition (darker) and the planes on the other side 

to be farther out of channeling condition (brighter). The misfit dislocation schematically 

demonstrated in Figure 2.20c assumes a perfect channeling condition where any divergence makes 

the signal brighter, but in practice this is rare.  

Transmission Electron Microscopy  

Transmission techniques, TEM, STEM, and TSEM, are most commonly used to observe 

crystalline defects using diffraction contrast. “transmission” implies that electrons pass completely 

through the sample before being detected. As opposed to the backscattered and secondary 

electrons emitted from a sample back towards the electron source, here, forescattered electrons 

are detected, which have interacted with the entire thickness of the sample. This requires that 

samples for transmission electron microscopy be exceedingly thin – ie. “electron transparent” 

(Figure 2.22). This thinning process can be completed by mechanical polishing: wedge polishing, 

dimple polishing, or flat polishing, with a final broad ion milling/smoothing stage. Alternately, ion 
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milling can be used for the entire fabrication process using a focused ion beam microscope, which 

will be detailed in the next section.  

Transmission electron microscopy (TEM) utilizes broad parallel illumination. The sample 

is held between the objective lenses which parallelize the beam as it passes through the sample, 

then expand the transmitted beam to magnify it, projected onto a phosphor screen or pixelated 

electronic detector. As the electron beam passes through the sample, it interacts with the periodic 

nature of the crystalline sample and diffracts. If all of the electrons that pass through the sample 

are used to assemble an image, the resulting image will contain predominately Z-contrast and 

thickness contrast. This image is literally a shadow of the semi-transparent sample, showing how 

many electrons were able to pass through each location on the foil (Figure 2.23, Standard).  

Notice that prior to forming an image, the electron beam in Figure 2.23 crosses over. At 

this point, mathematically speaking, the lower objective lens is focusing diffracted electrons, akin 

to taking a Fourier transform of the crystal. At the back focal plane, a diffraction spot pattern can 

 

 
 

Figure 2.22 – Three different forms of transmission-based electron 
microscopy. 
These are simplified layouts demonstrating the difference in sample illumination 
and data collection. 
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be directly imaged, and diffraction spots can be indexed and labeled with their reciprocal space 

coordinates. Interestingly, the electrons which pass through each of these diffraction spots contain 

different information, and if electrons from only one spot are used to produce an image, that 

image will contain diffraction information not present in standard TEM. From an image 

processing perspective, a standard TEM image is the sum of a variety of channels which can be 

separated using diffraction.  

In Figure 2.23, schematic examples of brightfield and darkfield images are shown. A 

brightfield image is formed from undiffracted electrons by isolating the transmitted (000) spot, so 

regions of vacuum and perfect crystal appear bright. Defective regions of the sample, near 

dislocations, stacking faults, etc., appear dark, because electrons passing through these regions do 

not pass through uninhibited. Electrons that interact with a crystalline defect are instead deflected 

to one of the diffracted spots. Notably in the case of dislocations, the contrast of a defect in the 

 

Figure 2.23 – Image formation in a TEM. 
Using apertures to isolate electrons that contain diffraction information, and 
projecting images of crystalline defects like dislocations. 
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projected image is proportional to 𝑔⃗ · 𝑏⃗⃗, where 𝑔⃗ is the reciprocal space index of the diffracted 

spot, and 𝑏⃗⃗ is the dislocation’s Burgers vector. This additional ability to further segment the 

contrast from images can provide significant insight into dislocation structure and behavior. In 

darkfield images, vacuum and perfect crystals appear dim, but defects appear bright. If you were 

to record an image projected from every diffraction point on the back focal plane and add those 

images together for a uniform-Z-thickness region of a sample, you would get the exact inverse of 

the brightfield image. 

Scanning transmission electron microscopy (STEM) is a convergent-beam technique, 

meaning that unlike the parallel beam used for TEM, the probe electron beam is focused to as 

small a spot as possible, preferably subatomic. As shown in Figure 2.22, a microscope configured 

for STEM uses the objective lens to achieve this tight focus, and for atomic resolution imaging, 

great care must be taken to correct the objective focus and astigmatism. Where TEM is essentially 

a global-shutter technique, and a pixel array is necessary to record images projected onto a screen, 

STEM is a scanning technique, so images are formed by rastering the focused probe beam to 

different locations across the sample and building up an image by interpreting a time-varying 

signal. The electrons that impact detectors in a STEM configuration are all below the sample – 

only forescattered electrons are detected. Additionally, the microscope runs in diffraction mode, 

meaning that the back focal plane is extended to be in the range of the detector array. As the probe 

beam rasters across the sample, each detector is actually keeping track of the brightness of a single 

diffraction spot, or group of spots, and from this data, images are constructed. Three detectors 

are depicted in Figure 2.22, each accepting a different angular range of diffracted electrons. The 

same way isolating the central diffraction spot in TEM yields a brightfield image, building an image 

using data from the center detector collects information about transmitted electrons, resulting in 

brightfield contrast. The ADF detector, or annular dark field, is used to produce dark field 
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diffraction contrast, and generally can detect 

signal from the first order of diffraction spots 

around (000). The final detector, high angle 

annular dark field (HAADF) collects 

electrons which have been scattered to 

extreme angles, typically incoherently. 

Incoherent scattering means that these 

electrons lose almost all of their 

crystallographic information, so HAADF 

images can consist of extremely pure z-

contrast. When HAADF images are 

recorded with a probe beam of subatomic 

radius, the microscope can directly image 

atomic columns within a crystal. Many results 

in this dissertation rely on high resolution 

STEM to characterize atomic stacking at 

interfaces and defects. 

Every physical sample contains innumerable parameters, and electron microscopy in many 

cases is a game of finding the correct imaging condition to produce an image that contains as little 

information as possible – an image that contains only a particular type of defect or feature. Figure 

2.24 is an example of a darkfield (ADF) STEM image with two primary mechanisms contributing 

to image contrast, Z-contrast and diffraction contrast. This sample is a cross section extracted 

from a III-V stack designed as a radiation-hard solar cell, and this image depicts the ternary GaInP 

BSF layer sandwiched between two quaternary GaInAsP layers, the contact (top) and the 

 

Figure 2.24 – A STEM micrograph with 
two sources of contrast. 
Phase separation and stacking faults in a 
III-V quaternary solar cell structure are 
imaged using an annular dark field STEM 
detector. In this image, contrast comes 
from two significant sources: z-contrast 
and diffraction contrast. Z contrast (heavy 
elements appear brighter) allows for the 
easy differentiation between layers in the 
structure, and the mottled texture of the 
quaternary layers indicates phase 
separation. The sharp lines forming Vs in 
crystallographic directions are stacking 
faults, visible due to diffraction contrast. 
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absorber(bottom). The curtained/mottled texture in these quaternary layers is phase separation, 

visible as a change in Z as elemental species separate, but also as diffraction contrast, as this phase 

separation induces strain in the material. During the transition from quaternary to ternary material, 

some of these phase separated regions give rise to stacking faults which propagate outwards from 

the heterointerface. These stacking faults are visible as bright lines in highly crystallographic 

directions. In many cases, the shape of a feature, like lines being straight and parallel, may indicate 

the identity of the defect, even without first knowing the mechanism of contrast.  

The final transmission technique I will discuss here is 2-beam STEM. The same way 

individual diffraction spots can be targeted in darkfield TEM, 2-beam STEM allows for diffraction 

contrast sensitive to only a particular dislocation burgers vector. Figure 2.25 shows a series of 

images of the same set of dislocations, all imaged in different 2-beam conditions. Because STEM 

is a convergent-beam technique, the diffraction pattern formed at the back focal plane is not made 

of infinitesimal points, but circles known as CBED disks, or convergent beam electron diffraction 

disks. For suitably thick samples, these CBED disks will be superimposed on a Kikuchi pattern 

similar to the channeling patterns from the previous section. The CBED disk shapes are most 

obvious in Figure 2.25b, where two CBED disks are visible, and the top disk is circled in red. In 

each of these images, the red circle signifies the area of the brightfield detector, so (a) and (b) are 

each created using contrast information from a single CBED disk, isolating a particular g-vector 

projection. (c) is recorded on-axis, so every dislocation in the film should be visible, excepting 

those with a burgers vector pointing directly into or out of the page, parallel to the imaged zone 

axis. These 2-beam conditions were achieved by tilting the sample, which, like when aligning a 

channeling condition, moves the Kikuchi pattern and CBED disks across the detector without 

necessarily translating the sample.  
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The particular 2-beam conditions 

used in Figure 2.25 dictate that any 

dislocation appearing in (a) but not (b) has an 

exclusively in-plane Burgers vector. 

Dislocation segment 3 meets this criterion. 

Notably, because SnSe is a 2D van der Waals 

material, this type of defect would be either 

the edge of a vdW sheet, or a threading 

hyperdislocation. Any dislocation appearing 

in (b) but not (a) has a dislocation that 

projects into the PbSe[001] direction. 

Dislocation segments 1 and 5 meet this 

criterion. They could be pure screw 

dislocations, or mixed dislocations with 

Burgers vectors inclined in or out of the 

page. Dislocations which appear in both (a) 

and (b), like segments 2 and 4, have burgers 

vectors that project onto this cross section at an oblique angle, for example PbSe[011]. In the case 

of this assembly of dislocations, it’s clear that reactions are occurring between dislocations to alter 

their burgers vectors, for example the 1-2-3 intersection. At the 3-4 intersection, the burgers vector 

appears to change abruptly, which is impossible without an additional dislocation, so from this we 

can infer a third segment exists that overlaps with another dislocation in projection, or has a line 

direction perpendicular to the cross section. 

Dislocations are critically important defects to understand in electronic materials and the 

 

Figure 2.25 – 2-beam STEM. 
Three brightfield images of the same 
assembly of dislocations in a SnSe film, 
taken in different diffraction conditions. (a) 
and (b) are 2-beam conditions, and (c) is on 
zone-axis. Reproduced from Figure 5.9. 
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ability to directly image them using STEM is an unparalleled tool for characterization of fine detail. 

It’s important to remember, though, that an electron transparent foil prepared for STEM imaging 

is extremely small. This means that it may not be statistically representative of the entire sample, 

and the strain state of dislocations within the foil may be entirely different than in a bulk sample 

(large area thin film). 

Focused Ion Beam Microscopy 

30 kV electrons do not damage a sample when they impact it. As I will show in the next 

chapter, 30kV electrons can excite electronically active defects, but no direct mechanical damage 

is done. On the other hand, a focused beam of 30 kV gallium ions is extremely damaging to a 

semiconductor crystal, and such a beam can be used as a tool to erode and sculpt semiconductors 

at the nanoscale. Focused ion beam (FIB) microscopes are designed for exactly this purpose, and 

are frequently built in a “dual-beam” configuration where the electron beam is used for high 

resolution imaging and the ion beam is used for milling and polishing. With such a tool, a small 

cross section or plan view section can be 

extracted from a semiconductor stack and 

thinned to electron transparency via high-

energy ion bombardment. Figure 2.3.8 shows 

a complete cross sectional sample prepared 

on a FIB microscope and ready for transfer 

to the STEM. 

In general such a sample is prepared 

by first depositing a protective platinum slab, 

then using high energy gallium ions to erode 

the film around the desired cross section, 

 

 
 

Figure 2.26 – An electron-transparent 
sample ready for STEM 
Prepared via focused ion beam milling and 
liftout, the sample is less than 200nm thick 
supported on a copper post. 
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isolating it to the point where it can be 

transferred via micromanipulator to a copper 

transfer holder, where it is thinned and 

polished to final thickness. Specific details of 

sample preparation vary significantly 

depending on what material information is 

sought, and what imaging conditions will be 

used in TEM/STEM. For high resolution 

STEM imaging of interfaces, samples must 

be prepared extremely thin, preferably 

around 50 nm. 

Slope-profile ECCI 

FIB milling can also be used to create 

a sloped structure allowing for depth-

resolved ECCI measurements. In many 

cases, interfaces can be imaged simply by 

growing an extremely thin film which ONLY 

includes interface, but in the case of the IV-VI materials which grow via island nucleation and 

coalescence, the only way to image a IV-VI/III-V interface in plan view is to grow a film and then 

extract the interface using FIB liftout and image it separately in TEM/STEM, a labor-intensive 

and time consuming process. Slope-profile ECCI is a technique that overcomes this limitation and 

allows for plan-view imaging of every layer within a structure as a gradient across the image with 

less FIB preparation.  

Figure 2.27 shows a schematic of the sample preparation procedure with pictures of an 

 

Figure 2.27 – Exposing buried interfaces 
with slope-profile ECCI. 
(a) a multilayer film can be grown with 
multiple interfaces, and when sectioned at 
a shallow angle using FIB milling, imaged 
in plan-view using normal ECCI 
alignment. (b) Defects within different 
layers and defects trapped interfaces are 
visible. (c,d) Implementation of this 
technique showing (d) a Nomarski 
micrograph of a slope-profile trench at a 
grade of ≈3.3° alongside the plot in (c), the 
corresponding profilometer trace. 
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actual milled trench and its height profile recorded via profilometer. After a film is grown, it is 

transferred to the FIB. Tilted at a very shallow angle relative to the ion beam, a trench is milled 

into the film surface at high energy (30 kV) then polished at low energy (2-5 kV) to produce a 

smooth surface. This sample can be taken to a regular SEM, tilted into a typical ECCI condition, 

and imaged with diffraction contrast in plan view. Any such images recorded can be “depthed” by 

locating their position relative to a known-depth feature like an interface and measuring vertical 

displacement using a profilometer trace. This process of comparing plan view micrographs at 

different elevations through the same film, which can yield very different results compared to 

growing multiple films of varying thickness.  

V. EXPERIMENTAL DETAILS REGARDING THE PRESENT WORK 

III-V homoepitaxial films and buffer layers were grown in a Veeco Gen III MBE system 

utilizing elemental metal sources in standard effusion cells, and group V elements As and Sb in 

valved cracker sources. Substrates were prepared via thermal desorption and were held in indium-

free transfer blocks. Typical growth rates were on the order of 1-10 ML/s, and RHEED was the 

primary characterization tool. Once RHEED confirmed that a film was uniform and smooth, and 

had the desired reconstruction, samples were cooled to room temperature under arsenic flux to 

deposit a thick capping layer for out-of-vacuum transfer. These III-V substrates were cleaved, 

indium-bonded to new platens, and loaded into the Riber MBE. InAs(111)A substrates were 

synthesized by collaborators off campus[56], but were prepared using similar methods and arsenic-

capping procedures. 

For early experiments on GaSb substrates, GaSb homoepitaxial layers could be grown in 

the Riber IV-VI system using a gallium effusion cell and an antimony valved cracker source, but 

the Riber MBE rapidly became an exclusive IV-VI deposition system. All PbSe, SnSe, and SnSe 
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films were grown in this Riber Compact 21T MBE system utilizing compound PbSe and SnSe 

sources, as well as molecular selenium from a valved cracker source. Typical growth rates were 

approximately 0.3 ML/s, corresponding to a PbSe flux (measured via ion gauge) of approximately 

3×10-7 Torr. Cold base pressure in this system was between 10-11 and 10-9 torr. 

As all temperature measurements reported here are merely our internal temperature 

metrics, measured by pyrometer or converted to the same scale, so it’s valuable to provide some 

additional information for the sake of repeatability. We observed PbSe growth rate to be constant 

(sticking coefficient = 1) under 340-350 °C, and films did not grow above 360-370 °C (sticking 

coefficient = 0). The best growths on (001) substrates were nucleated above 325 °C to extinguish 

misoriented grains, but below 345 °C to avoid PbSe evaporation from the surface and subsequent 

roughening. This growth window then extends from the onset of PbSe re-evaporation, down 

about 20 °C. After nucleation and coalescence, the temperature could be dropped 30-40 °C to 

reduce adatom mobility near defects and grow smoother films free of pits. In the (111) orientation, 

growth initiation temperature was not as critical, provided the initial surface treatment had 

succeeded. Most growth temperatures were 280-330 °C, all below the PbSe re-evaporation 

temperature. The surface treatments discussed in much more detail later take place at 

approximately 400°C, about 50-60 °C greater than the onset of PbSe re-evaporation. 

X-ray diffraction (XRD) experiments were executed on three Panalytical MRD PRO 

systems. All contained a monochromator for high-resolution coupled scans and rocking curves, 

and one also possessed a 1D pixel array detector for rapid collection of reciprocal space maps. 

Alignments alternated between ω, 2θ-ω, and χ scans iteratively. Whenever possible, scans were 

aligned to known substrate peaks, and collected data was shifted to agree with known substrate 

peaks before analysis. 

Five scanning electron microscopes were used for the imaging work in this dissertation. 
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An FEI Quanta, FEI Nova Nano 650, FEI Apreo C, and FEI Apreo S, and FEI Helios Dualbeam 

Nanolab 600. All were used for secondary imaging and backscatter imaging, while the Quanta and 

Apreo C were primarily used for ECCI measurements. The Quanta column has the largest angular 

beam deflection, making it the ideal tool for collecting electron channeling patterns over a large 

region of Kikuchi-space and for aligning ECCI conditions, but suffered in resolution. The custom 

ECCI backscatter equipment, and custom hot and cold stages, were built for this microscope to 

facilitate dislocation studies. The Helios Dualbeam system included a gallium FIB, platinum and 

carbon GIS systems, and a micromanipulator for foil liftout and transfer, and was used to prepare 

all TEM and STEM samples used in this dissertation. 

Transmission experiments were performed on an FEI Technai TEM, FEI Titan 

TEM/STEM, and an FEI Talos TEM/STEM. The vast majority of the work presented here came 

from the Talos microscope, operating in STEM mode in a variety of geometries and imaging 

conditions. Despite not having aberration correction, careful alignment allows for extremely high-

resolution imaging of atomic columns and interface structures. 
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3. In situ dislocation characterization and REDG 

I. INTRODUCTION 

Extended defects and failure of III-V devices 

In Chapter 2, I introduced ECCI, a diffraction-based SEM technique. This technique has 

been foundational to film characterization in our group, and before continuing on to IV-VI growth 

studies, I wanted to discuss some earlier work on electronically active defects in infrared III-V 

materials. In this chapter, I present direct observations of dislocation motion in a thermally-

strained thin film. Dislocations are imaged using ECCI, and kinetically freed to glide via electron-

hole recombination. This chapter is directly adapted from the paper Direct observation of recombination-

enhanced dislocation glide in heteroepitaxial GaAs on silicon co-first authored by Patrick G. Callahan and 

myself in 2018[57]. 

GaAs and AlGaAs, InAs, and InGaAs are widely used for infrared optoelectronics, and 

recent efforts by the Bowers group at UCSB and others are pushing towards high quality 

heteroepitaxy of III-V quantum dot devices on cheap Si substrates. Direct growth of GaAs on 

silicon would enable integration of low-cost computing with datacom optoelectronics, but the 4% 

difference in lattice constant between GaAs and silicon results in a very high density of dislocations 

that render devices ineffective. Additionally, a significant mismatch in thermal coefficient of 

expansion applies significant tensile strain to these films during post-growth cooldown. During 

operation, dislocations in these materials glide to relax this residual thermal strain, resulting in the 

creation of misfit segments in the active region of the device[58]. These unfortunately-positioned 

misfit segments then experience recombination enhanced dislocation climb (REDC)[59], 

congregate point defects, and cause device failure. 

To investigate these effects, we examined dislocations from a combined electromechanical 
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perspective. While dislocations are the carriers of plastic deformation in all standard crystalline 

materials, in semiconductors, they take on an extra role, creating additional electronic states due 

to dangling bonds in the dislocation core reconstruction, or assembly of point defects around the 

core, a so-called “Cottrell atmosphere”. These electronic states trap and recombine carriers and 

are almost always deleterious to devices, forming a major obstacle to the heterogeneous integration 

of semiconductors on low-cost substrates. Exploring this dual electronic-mechanical nature of 

dislocations is an active area of research[60]. In GaAs, this coupling results in a phenomenon 

unique to semiconductors: carrier recombination via dislocation electronic states enabling 

dislocation motion. Semiconductors such as GaAs are normally brittle at room temperature and 

dislocations do not have the energy to move. However, recombination-enhanced dislocation glide 

and climb (REDG and REDC) occur in many III-V devices at ambient temperatures, leading to 

rampant dislocation growth and device failure[61–64]. Our understanding of these processes has 

been inferred largely from post-mortem transmission electron microscopy of failed devices[65] or 

low-resolution cathodoluminescence microscopy on bulk semiconductor samples[66]. REDG is 

phenomenologically understood as a momentary lowering of the dislocation-kink nucleation and 

migration barriers[64,67] which can be induced locally by carrier injection or above-bandgap 

illumination[64,68,69]. It is important to note that REDG is realized not simply as a heating of 

the sample surface[66], but as a direct coupling between the recombination of carriers and bonding 

at the dislocation core[67]. 

Experimental design 

The GaAs samples examined in this study were grown via MBE on on-axis (001) GaP/Si 

substrates (NAsP III/V GmbH) and GaP substrates (ITME)[70]. The films were 3.1 µm thick, 

unintentionally doped p-type (<1016/cm3), and are considered fully strain relaxed at growth 

temperature. Upon cooling to room temperature however, the GaAs layer on silicon is placed in 
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a significant state of tension (0.2% strain). The array of misfit dislocations at the Si/GaAs interface 

was nucleated during growth to relieve compressive strain, as GaAs has a larger lattice constant 

than Si. Therefore, these dislocations have the opposite Burgers vector necessary to relieve the 

residual tensile strain induced upon cooling. As a result, there exists a significant driving force to 

reduce the total length of interfacial misfit dislocations at room-temperature, on the order of 150–

200 MPa. In an electron microscope, as incident high energy electrons from the imaging beam 

undergo inelastic scattering with the crystal and transfer energy into the semiconductor, electron-

hole pairs are generated (along with secondary electrons, x-rays, auger electrons, etc.)[71]. These 

electron-hole pairs recombine at dislocations and lower kinetic barriers for dislocation glide, 

facilitating relaxation, and the net removal of existing misfit dislocations, even at room 

temperature. 

II. In situ ECCI OF THREADING DISLOCATIONS 

Inducing dislocation motion 

To resolve individual dislocations in these films, we utilized electron channeling contrast 

imaging, utilizing a 30 kV electron beam at a current (measured at sample) of 3–5 nA. Under 

excitation of this imaging electron beam, electron-hole pairs (approximately 1017–1018/cm3) are 

generated in the tensile-strained GaAs, which go on to recombine at dislocations. This leads to 

the observed dislocation glide at room-temperature by REDG. The plan-view ECCI micrographs 

in Figure 3.1a-b show the extent of these changes in selectively-exposed GaAs layers grown on 

silicon (large CTE mismatch) and GaP (small CTE mismatch). The CTEs at 300 K for Si, GaP, 

and GaAs, are 2.6×10-6, 4.65×10-6, and 5.73×10-6 °C-1, respectively [72]. The central region 

indicated in both cases has been exposed to a rastered electron beam for approximately 35 minutes 

at room-temperature, while the outer regions have not. The most obvious change at this 
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magnification is the appearance of light and dark lines in the [110] direction. This contrast is due 

to misfit dislocations, studied experimentally and verified via simulation by Carnevale[73]. In this 

case, these misfit dislocations originate at the heterointerface and glide via REDG towards the 

sample surface where they become visible to ECCI. The light and dark contrast arise from their 

different Burgers vectors with respect to the channeling condition used. In Fig. 1(b), there are 

many fewer visible misfits, owing to the much lower residual thermal strain driving dislocation 

motion. Interestingly, this misfit dislocation glide (most visible in Figure 3.1a) extends 2–3 μm 

outside the central excited region. The region of influence is a convolution of the size of the plume 

of electron-hole pairs generated by the impinging electron beam (1 µm radius) and the carrier 

 

 
 

Figure 3.1 – Electron beam exposure induces dislocation glide. 
(a,b) Plan view ECCI micrographs of a GaAs surface grown on (a) silicon substrate 
with significant thermal mismatch and (b) GaP substrate with little thermal 
mismatch. The center (outlined) in each case has received a 35 min exposure to a 
30 kV electron beam at an average current density of 2.0 mA/cm2 (3.4–3.7 nA 

beam current). A number of β-misfit dislocations running in the [110] direction 
have risen towards the surface, visible as white and black lines. The oblong shapes 

in the [11̅0] direction are topographical contrast from surface hillocks. The 
GaAs/Si sample experiences a higher residual thermal strain, and has more visible 
glide activity – highlighting the importance of residual strain in predisposing a 

device to failure. (a, inset) Channeling pattern with one possible (22̅0) alignment 
indicated. (c,d) Observed mechanisms for recombination-enhanced relaxation of 

thermal strain: (c) A threading dislocation gliding along the [11̅0] direction, 

shortening an α-misfit dislocation. (d) A [110] β-misfit dislocation rising from the 
interface towards the sample surface, shifting a threading segment. 
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capture radius of the dislocations in question. This capture radius is governed by the carrier 

diffusion length, approximately 1–3 μm in GaAs[74–76]. It is worth noting that the plume of 

generated carriers does not extend to the heterointerface, so carrier diffusion is necessary to 

explain the appearance of misfit dislocations. Overall, within the region affected by the beam, 

REDG has allowed dislocations to glide and interact with each other, pinning, reacting, or 

multiplying, with the general result of increasing the complexity of the dislocation network. 

The misfit dislocations visible in Fig. 1(a) only appear in one orientation because of the 

anisotropy in 60° dislocations in the zincblende structure which arises from differences in chemical 

bonding at their cores.[77,78] α-misfits of the glide-set have a [1̅10] line direction and an As core 

while β-misfits of the glide-set have a [110] line direction and a Ga core. This disparity lends 

orthogonal misfit dislocations in compressively-relaxed (001) films significantly different 

mechanical and electrical behaviors[64,79–82]. We find that residual strain in the [110] direction 

is relieved exclusively by the lateral glide of threading dislocations to shorten α-misfits at the 

heterointerface (Figure 3.1c). Vertical glide of α-misfits was not observed to contribute to strain 

relief in any way. In contrast, residual strain in the [1̅10] direction was primarily relieved by vertical 

glide of β-misfits (Figure 3.1d). This process occasionally leads to misfit dislocations exiting the 

sample entirely, but frequently we observed this glide arrested within 100 nm of the surface (see 

Figure 3.2), resulting in visible light and dark lines as in Figure 3.1a. Lateral glide of threading 

dislocations was also occasionally observed in the [1̅10] direction, but this motion was difficult 

to measure, as it was typically interrupted by rising misfit dislocations. 

These gliding misfit dislocations exhibited interesting behavior, and can be effectively 

imaged using ECCI within approximately 200-300 nm of the surface; the contrast from deeper 

dislocations is frequently too diffuse to measure. One such rising misfit event is shown in Figure 
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3.2a. As the dislocation glides towards the surface, the associated channeling contrast becomes 

sharper and shifts in the [1̅10] direction. This shift is due to the dislocation gliding on the inclined 

(11̅1) plane, and not straight towards the surface. This known semiconductor glide geometry 

allows us to couple the lateral and vertical motion of the dislocation, enabling study of dislocation 

behavior as a function of depth. In Figure 3.2b, a plot showing the dislocation’s [11̅0] position 

vs. time shows a decay in dislocation speed near the surface. This stagnation is likely the result of 

a local depletion of carriers due to surface recombination, inhibiting REDG. For very high beam 

currents (>30 nA), the density of misfit dislocations immobilized at the surface drops dramatically, 

indicating that increased electron-hole pair generation is sufficient to saturate the surface 

 

 
 

Figure 3.2 – Detail of the rising β-misfit relaxation mechanism. 
(a) ECCI sequence showing a misfit dislocation (vertical white line) rising towards 
the surface of the film. In the first frame, the dislocation cannot be identified by 
the unaided eye, as the contrast from misfit dislocations blurs with dislocation 
depth. In subsequent frames, the misfit appears as a blurry, then sharp line, before 
beginning to vanish as it exits the sample. After the bottom edge of the misfit 
dislocation exits through the surface, a threading dislocation remains (circled in 
last three frames). (b) shows the integrated contrast from inside the orange box in 

(a) over the [11̅0] spatial axis (X) and time (Y), demonstrating an apparent shift in 

the [1̅10] direction as time goes on. This is actually a projection of motion in the 

[1̅12] direction as the dislocation glides towards the surface on the (11̅1) plane. 
The dislocation slows down as it approaches the surface. The red line is a guide to 
the eye. 
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recombination mechanism, allowing carriers to instead contribute to REDG. This enables gliding 

misfit dislocations to fully exit the crystal. 

The unique structure of dislocations in heteroepitaxial thin films makes it difficult to 

directly apply results from bulk crystal research to this system. In bulk GaAs crystals, dislocations 

of the glide set are most stable as α-, β- or screw-type, characterized by having As, Ga, or no 

dangling bonds, respectively, at an ideal unreconstructed core. However, in (001) oriented thin 

films, the threading dislocations which terminate α- and β-misfits typically have an intermediate 

line direction[83,84], making them not screw or 60° type. The non-screw threading dislocations 

terminating α- and β- misfits have α- and β- character to match their associated misfit. Previous 

research has suggested that in undoped and n-type bulk GaAs, α-dislocations glide orders of 

magnitude faster than β-dislocations[64,79,85]. However, the asymmetric processes we observed 

imply that β-misfit dislocations are more mobile here, and act as the primary strain relief mode 

along [1̅10], while α-misfit dislocations are effectively stationary. There is some evidence in GaAs 

to show that β-dislocations are more susceptible to REDG, experiencing a larger Peierls barrier 

lowering under excitation[64,67], and that β-dislocations are much more sensitive to charged 

dopants [79,85]. These factors may contribute to the results we observed, but more work is 

necessary to determine if electronic structure, strain state, or other influences prevent dislocations 

in these thin films from behaving as in a bulk crystal. These differences in dislocation behavior are 

technologically relevant, as the favored relaxation mechanisms of REDG-prone strained layers 

have implications for heteroepitaxial device longevity.  

Dislocation glide velocities 

Individual threading dislocation velocities were studied as a function of temperature using 

a variable temperature SEM stage between -20 °C and 80 °C, a range typical for semiconductor 

laser operation in the field. Even within this narrow range, the measured dislocation velocities 
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varied significantly with temperature. This observation provides further evidence that the 

observed motion is due to a direct electronic coupling and not localized sample heating. If the 

sample was being heated to high enough temperatures to enable dislocation motion, a relatively 

small change in the initial sample temperature would have little impact on dislocation velocity. At 

the low temperatures in this experiment where GaAs is normally brittle, the measured unpinned 

dislocation glide velocity is given by 𝑣 = 𝑣0𝑒(−𝐸𝑎 𝑘𝑇⁄ )[64,67]. Here, 𝐸𝑎 is the activation energy for 

recombination-enhanced glide and 𝑣0 is a beam-current-dependent prefactor. 𝐸𝑎 can be expressed 

as  𝐸𝑎 = 𝐸𝑑(𝜏) − ∆𝐸, a function of the stress, 𝜏, dependent Peierls barrier 𝐸𝑑(𝜏) lowered by an 

energy ∆𝐸, which is related to the detailed mechanism of REDG such as energy levels of trap 

 

 

Figure 3.3 – Threading dislocation motion. 

(a) Threading dislocation velocities in the [1̅10] direction were measured at varying 
temperatures under a beam current density of approximately 1.9 mA/cm2. The large 
spread in measured dislocation speeds at each temperature is due to local dislocation-
dislocation interactions. An activation energy for dislocation glide of 0.2 eV was 
calculated from the fastest dislocations measured at each temperature step, closest to 

the unpinned case. (b) A single threading dislocation is tracked along the [1̅10] 
direction for 1200 s, with temporal resolution of 13.5 s, showing repeated dislocation 
pinning and unpinning. The plateaus indicated by red arrows correspond to separate 
pinning events, caused by separate adjacent threading dislocations. (b, inset) 
distribution of instantaneous velocities of the tracked dislocation during observation 
(three-frame numerical derivative). 
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states associated with recombination at the dislocation. In our GaAs/Si films, individual threading 

dislocations moving in the [1̅10] and [11̅0] directions were tracked for an average of 200 seconds 

using high-framerate time-lapse sequences; their velocities versus inverse temperature are shown 

in Figure 3.3a. Dislocation-dislocation interactions such as pinning are known to occur during the 

growth of lattice-mismatched semiconductor thin films, lowering the overall glide velocity. We 

directly measure the effect of pinning on REDG in our films with the capability to track individual 

dislocations as well as their surroundings. An activation energy, 𝐸𝑎, of 0.2 eV for REDG of [11̅0]-

bound threading dislocations was calculated from the fastest dislocation at each temperature. 

Here, it was assumed that these dislocations experienced the minimum number of interactions 

and would yield a value closest to the unpinned limit. Despite the activation energy being low, it 

is sufficient to yield a three-fold increase in dislocation velocity when the device temperature is 

raised from room-temperature to 80 °C, important for modeling failure. Using 

cathodoluminescence (CL) measurements, Maeda et al.[64,66,67] measured the activation energies 

for REDG of α-, β-, and screw-type dislocations in bulk GaAs as 0.29 eV, 0.6 eV, and 0.64 eV, 

respectively. Our results are in reasonable agreement with this report, considering the as-yet 

unstudied effects of the intermediate line direction of the threading dislocations.  

The wide spread in observed dislocation velocities in Figure 3.3a is the result of the 

dislocation scattering and pinning events occurring repeatedly in these films. ECCI enables the 

observation of the jerky motion of individual dislocations and provides insight into these 

processes. Figure 3.3b shows the position of a single threading dislocation tracked over the course 

of 20 minutes. Its motion is impeded multiple times during observation, resulting in a large spread 

in the instantaneous velocity (Figure 3.3b, inset). The plateaus highlighted in the figure indicate 

pinning events, and correspond with interactions between the tracked gliding dislocation and other 

nearby threading dislocations. The mutual forces between these defects not only impedes the 
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tracked dislocation, but in some cases visibly shifted the nearby “pinning site” dislocations. We 

believe the vast majority of pinning events observed in these films to be thread-thread interactions. 

For a dislocation to inhibit another dislocation’s motion, it must either locally reduce the 

stress driving glide or remove electron-hole pairs from the system that contribute to REDG. As 

the limiting factor for energy dissipation at clean, impurity-free dislocations is often the 

recombination rate[86,87], nearby dislocations are not expected to significantly influence this. 

Instead, dislocations interact with the strain fields of adjacent dislocations, experiencing a 

reduction in the driving force for glide. Even with the surface sensitivity of ECCI, its ability to 

observe thick epitaxial layers with realistic strain states differentiates it from other in-situ 

techniques. Previous work has modeled thread-misfit interactions thought to be typical during 

semiconductor growth [88,89], and further studies directly observed these interactions using in-

situ TEM[90,91]. ECCI enables the extension of this research to samples of bulk thickness, where 

thread-thread interactions might dominate dislocation pinning.  

Dislocation reduction via glide reactions 

In addition to transient interactions between passing dislocations, we have also directly 

observed threading dislocations permanently reacting with each other and with free surfaces. 

Threading dislocations have been observed to fuse and annihilate, and dislocation segments have 

been observed to exit the sample via glide through the sample surface and edges. This subset of 

interactions is critical for reducing dislocation density in heteroepitaxial systems. In Fig. 4(a), two 

threading dislocations on parallel glide planes are drawn towards each other, react, and vanish 

from view. We believe this is an annihilation reaction, and the two original misfit dislocations are 

now connected by a short segment of dislocation at the heterointerface. Fig. 4(b) shows the paths 

taken by these threading dislocations before reacting; the light-contrast dislocation glides in the 

[110] direction and the dark-contrast dislocation glides in the [1̅1̅0] direction. Romanov et al. 
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describe a theoretical critical radius of interaction, inside which dislocation annihilation is 

inevitable [83]. In GaAs, this radius is predicted from growth modeling to be between 50 and 100 

nm. The glide planes of the two dislocations we observed are, at minimum, separated by 

approximately 70 nm.  This separation is closed due to either climb (unlikely) or cross slip (likely) 

in less than one frame at the end of the sequence (≈13.5 seconds). These results provide direct 

evidence for individual dislocation annihilation processes in semiconductor thin films that have 

 
 

Figure 3.4 – Two mechanisms for threading dislocation density reduction. 
(a, 40.5 seconds per frame) Two dislocations with different Burgers vectors migrate 
towards each other on parallel glide planes and react. (b) the positions of both 
dislocations visible in part (a), showing the interaction distance of approximately 70 
nm at the time of annihilation. (c, 18 seconds per frame) A threading dislocation exiting 
the sample, gliding out of a free surface provided by a mesa etch through to the 
GaAs/Si interface. (d, time marked per frame) A tilted view of a different dislocation 
on the same mesa exiting the sample. In the third frame, the complete dislocation on 

the (111) plane is visible as an inclined white line, simultaneously intersecting the 
sample surface and the mesa edge. (e, f) schematics of possible 3D dislocation shapes 
during the fusion event and the edge glide event. 
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previously only been inferred indirectly. 

Driving dislocations to the free surface at the edge of a sample is another mechanism often 

considered for threading dislocation removal. To directly observe this process, mesas were dry 

etched through the GaAs layer to create vertical free surfaces and REDG was used to drive 

dislocations out of an area of interest. Figure 3.4c shows a threading dislocation gliding in the 

[1̅10] direction. After it escapes two pinning sites, it approaches the mesa step and glides 

completely out of the sample. Multiple threading dislocations were observed to travel to the edge 

of this mesa, exiting the sample entirely and removing segments of misfit dislocation at the same 

time. To confirm this, an additional time-lapse sequence (Figure 3.4d) was taken with the same 

mesa edge tilted at high angle towards the [1̅10] direction while maintaining the channeling 

condition. In the third frame of Figure 3.4d, the dislocation appears as a diagonal white line 

bridging the top corner of the mesa step. This is a small dislocation segment (half loop) on the 

(111) glide plane, the result of an inclined threading dislocation which has already eliminated its 

associated misfit and is simultaneously intersecting the sample surface and side wall. By the next 

frame, the dislocation has exited the sample. This dislocation activity is of technological interest 

because it not only decreases misfit dislocation length, but also decreases the threading dislocation 

density near a mesa step. It is possible that a similar technique could be used to intentionally 

remove threading dislocations from low dimensional regions such as nanowires or finFET 

structures. Additionally, such a treatment would leave the device uniquely prepared to combat 

REDG-based aging, as it effectively pre-empts the failure mode, filtering out the dislocations most 

likely to glide due to nonradiative recombination during device operation. Such a filtering step 

could also be performed on large areas using diffuse low-energy electron flood sources or intense 

above-bandgap optical illumination, both capable of creating the electron-hole pairs necessary for 

REDG[64,68,69]. 
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III. CONCLUSION 

We have shown that ECCI possesses some fundamental advantages over both CL and 

TEM for the study of individual dislocation motion in semiconductors. ECCI enables the imaging 

of large sample areas without requiring sample preparation that alters the material’s strain and 

electronic states. Likewise, while CL is capable of resolving long-range REDG, in general, the 

technique is limited to light emitting semiconductors and suffers from low spatial resolution, 

reported as ≈3μm by Maeda et al.[66]. This limits its ability to resolve the finer movement and 

interactions between dislocations seen in this study, typical of higher defect density devices on 

silicon. With careful device and contact mask design, we propose that ECCI could even be used 

to track dislocation evolution in-operando. This is a fascinating opportunity to explore the failure 

mechanisms of semiconductor devices such as GaAs/Si quantum dot lasers[92,93] and GaN[94] 

and SiC[95] power devices where carrier recombination or electric field-induced dislocation 

motion is suspected or has been observed post-degradation. 

This work on III-V semiconductors has revealed previously inaccessible dislocation 

dynamics, and although GaAs on silicon is a heteroepitaxial system with near-term application, 

translation of these observations to other less-understood material systems is important. After the 

publication of these early results, dislocation glide during cooldown and device operation was 

found to create misfit dislocation segments in the strained active regions of QD lasers, and by 

reducing this behavior, the limiting failure mode for GaAs QD lasers on silicon could be 

significantly improved. Throughout the rest of this dissertation, which will focus on IV-VI 

semiconductors, this emphasis on dislocation kinetics and behavior is underlying. The IV-VI 

materials have peculiar glide planes and deformation mechanisms which will be discussed in detail 

in Chapter 6.  
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4. Nucleation of PbSe on III-V Substrates 

I. INTRODUCTION 

Heteroepitaxy of materials involving the growth of dissimilar crystals results in non-trivial 

interface atomic arrangements, unexpected film-substrate orientation relationships, and overall 

complex growth mechanisms[96]. Yet, the ability to control such interfaces holds the key to new 

phenomena and device designs, harnessing features of both materials and potentially leading to 

emergent properties. Systematic studies in the heteroepitaxy of heterovalent semiconductors with 

iso-crystal structures (e.g. GaAs/Ge, ZnSe/GaAs, etc.) have yielded control over previously  

immutable electronic properties like the band-alignment[97]. Likewise, control over isovalent 

interfaces with different crystal structures such as that in ErAs/GaAs have resulted in advances 

in the fields of optoelectronics and thermoelectrics[98–100]. This work builds on these pioneering 

efforts by exploring tools to mediate both heterovalency and heterocrystallinity in semiconductors 

simultaneously. Epitaxial growth of the mixed-bonded rocksalt IV-VI semiconductor family on 

covalently-bonded zincblende III-V substrates presents a fascinating set of problems. Parts of this 

chapter are based on published results from the papers Nucleation control and interface structure of 

rocksalt PbSe on (001) zincblende III-V surfaces[101] and Interface structure and luminescence properties of 

epitaxial PbSe films on InAs (111)A[102]. 

Heterovalency 

One of the most important factors in heteronucleation and growth is heterovalency - 

differences in polarity and electron transfer among species across a heterointerface can cause 

charge buildup or other discrepancies. This problem was first articulated by Harrison et al.[103] 

who posited that perfectly flat Ge/GaAs interfaces would be unstable because of heterovalency, 

despite matching structure and lattice parameter. Truncating the polar GaAs crystal creates a 
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trapped layer of charge, and a buildup of potential as the film grows thicker. They propose that 

some intermixing of atoms can occur across the interface, and mixed-composition monolayers 

can eliminate the net trapped charge. 

In practice, such charge imbalances can cause poor heteronucleation. In the ZnSe/GaAs 

system (II-VI/III-V heterovalent), Tamargo et al.[104] report layer-by-layer growth of ZnSe on 

the As-terminated GaAs 2×4 surface, but 3D growth on the Ga-terminated GaAs 4×2 surface. 

Specific reconstructions contain partial monolayers of atoms as the crystal truncates, and as new 

species are deposited to effectively fill in the gaps in the reconstruction, regulated amounts of 

certain species can be trapped at interfaces to create ideally mixed layers[105]. When attempting 

to grow IV-VI/III-V structures, surface reconstruction, termination, and charge are extremely 

important variables. 

If challenges of nucleation can be overcome, heterovalent interfaces promise unparalleled 

tunability from the perspective of electronic transport. In growth of III-V/II-VI interfaces, the 

non-equilibrium growth mode provided by MBE actually allows for deposition of the 

aforementioned metastable interfaces, and by creating sharp interfaces with varying composition, 

band-offset between ZnSe and GaAs can be tuned by more than 0.6 eV [97], with heterovalent 

bonds behaving as acceptors and donors[106]. In a materials system like the IV-VI rocksalts, where 

novel electronic states are already predicted to exist in thin layers of certain PbSe planes[42], and 

heterovalent interfaces of two trivial semiconductors (PbTe/CdTe) have demonstrated nontrivial 

transport[43], the possibility to uncover useful new properties through heterointerface control is 

significant. 

Nucleation orientation and epitaxial arrangements 

A full discussion of interfacial atomic arrangements will come in the next chapter – for 

now, from the perspective of early-growth nucleation, film orientation is a more important 
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consideration, and more easily measured, than registry with the substrate 

 Rough film orientation is often predicted via symmetry, looking for coincident site lattices 

across structures. For a regular epitaxial arrangement to form, the relevant structures need not 

have the same space group or even Bravais lattice, only a plane within each structure with similar 

symmetry. MnAs/GaAs (hexagonal on cubic) and SrTiO3/DyScO3 (cubic on orthorhombic) are 

two extreme cases, where large rotations are necessary to achieve a coincident site lattice. The 

square symmetry of the (001) GaAs surface has a short-period coincident site lattice with the m-

plane of hexagonal MnAs, so the MnAs is able to nucleate with a (11̅00) plane parallel to the 

growth surface, and a c-axis parallel to the GaAs [11̅0][107]. In the case of SrTiO3/DyScO3, the 

DyScO3 (101) face is nearly square, and close enough to the lattice parameter of cubic SrTiO3 that 

the SrTiO3 can grow on this surface coherently, straining in plane to significant thicknesses[108]. 

In the case of PbSe deposition on fluorites, silicon, or III-Vs, all structures involved are 

cubic, but misoriented nuclei obeying coincident site lattices across mismatched planes are still a 

significant problem. The most common substrate for IV-VI growth is (111)-oriented BaF2, where 

nuclei orientation seems to be fairly consistent, where the (111) planes of PbSe or PbTe and BaF2 

align, but interestingly, the 3-fold cubic symmetry rotates 180° through the interface – PbSe[112̅] 

direction aligns with the BaF2[1̅1̅2] direction[109], known as a “Type B” interface. An 

“unrotated” epitaxial arrangement like that formed by PbTe/Si(111) is known as a “Type A” 

interface. 

Because both crystal structures share identical lattice symmetry on the (111) plane, 

differences in their atomic basis facilitate a preference for 180° or 0° rotation across the interface.  

For PbSe/BaF2 Hohnke et al.[109] explain that this rotation is due to nearest- and second-nearest- 

neighbor effects across the heterointerface, and believe that the Type-B stacking is 
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thermodynamically favorable. On zincblende CdTe(111), with again the same lattice but a different 

basis, results are mixed. PbTe typically forms a Type A interface on CdTe, but has been observed 

to form a Type B interface under certain situations. The authors attribute this phenomenon to a 

non-equilibrium growth mode, as DFT actually indicates that the Type B interface is more 

energetically expensive by a slim margin[110]. 

Unfortunately literature on the early stages of growth of IV-VI materials on III-V 

substrates is limited[21,22,48,49], although even in these few studies, it’s clear that misoriented 

nuclei are a near-universal challenge. Although PbSe/GaSb heterostructures have been 

proposed[20] for mid-IR lasers, only one study[21] of PbSe/GaSb growth has been reported, the 

latter using liquid phase epitaxy (LPE) to synthesize (110)-oriented PbSe quantum dots on 

GaSb(001). On GaAs(001), PbTe has been observed to grow in mixtures of (001) and (111) 

orientations[48,49]. On tellurium-treated GaAs[22] there are reports of cube-on-cube (001)-

oriented PbSe growth. However on (211) GaAs[22] and (211) ZnTe[111], PbSe does not grow 

cube-on cube but instead mis-nucleates in the (511) orientations. 

Summary 

In this chapter, I will detail our efforts to nucleate PbSe on GaSb(001), InAs(001), 

GaAs(001), and InAs(111)A substrates. All of these surfaces present different combinations of 

lattice mismatch, surface symmetry, and valency/surface charge to the growing film. In the (001) 

orientation, we find that PbSe nucleation on bare GaSb, InAs, and GaAs, with 0.5%, 1.1%, and 

7.7% mismatch to PbSe at room temperature, respectively, we find no satisfactory growth 

windows – heteronucleation consistently results in mixed orientation growth due to chemistry-

dependent interfacial-energy penalties, irrespective of lattice mismatch. To overcome this, we 

develop a surface treatment which creates a growth window for cube-on-cube single-orientation 
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nucleation of PbSe on III-arsenide surfaces: a high-temperature surface treatment with PbSe flux. 

This pre-treatment creates a good template for subsequent low-temperature growth and leads to 

sharp interfaces. Our results point towards surface chemistry as the primary factor governing film 

orientation, and lattice mismatch governing island coalescence behavior in these heterovalent 

interfaces with dissimilar crystal structures. 

In the (111) orientation, we utilize a similar surface treatment to prepare a III-V surface 

into a good template for ordered growth of rocksalt. The misoriented grains observed in the (111) 

orientation are primarily in-plane rotations (mutually 180° rotated grains) but also on 

GaAs(111)B, we have observed significantly symmetry-mismatched (001) grains. Our most 

consistent results have come from studies on InAs(111)A substrates, and in this work, a high 

temperature pre-treatment rapidly converts the surface structure and results in a uniform epitaxial 

arrangement across the sample.  

II. MIXED-ORIENTATION PbSe ON BARE III-V SURFACES 

PbSe growth on GaSb 

In most heteroepitaxy of materials with similar symmetries, lattice mismatch is the most 

important factor in determining film compatibility and nucleation quality. Considering this, we 

began our studies with PbSe growth on GaSb substrates, as GaSb is a prototypical III-V bulk 

material with the lowest lattice-constant mismatch to PbSe. In these nucleation experiments, our 

primary characterization tool was RHEED, allowing us to assess the orientation and growth mode 

of PbSe nuclei in situ, during and after nucleation. 

Figure 4.1a-b shows [11̅0] RHEED patterns during PbSe growth on 3×1 reconstructed 

(001) GaSb at high and low growth temperatures. These substrate temperatures correspond to 

distinct nucleation regimes that we corroborate via scanning electron microscopy (SEM). Figure 
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4.1a shows the case when substrate temperature is high, above ≈340 °C, and the RHEED pattern 

observed is a superposition of three indexable patterns (Figure 4.1c-d) which correspond to a mix 

of (001)-, (221)-, and (221̅)-oriented PbSe nuclei. The spots corresponding to (001)-oriented 

nuclei are also slightly more elongated vertically, indicating flatter islands. A different nuclei 

 

Figure 4.1 – PbSe nucleation on GaSb. 

(a,b), [11̅0] RHEED patterns of PbSe nucleated above 330 °C and PbSe nucleated 
below 300 °C. (b,c) calculated RHEED patterns corresponding to different nuclei 
orientations. (e,f) SEM micrographs of 90-second (~15 monolayers (ML)) growths 

of PbSe on GaSb, showing (e) a mix of (001), (221), and (221̅) nuclei, and (f) 

a mix of (001) and (110) nuclei. The flat tops of the (001) nuclei and the 3D 
nature of the misoriented nuclei is also reflected in the shape of the observed 

diffraction spots—the (001) spots appear vertically stretched while the diffraction 
spots of off-orientation nuclei are sharper points. (g) shows schematics of the 

relevant (001)-terminated nuclei shapes for a lattice-matched film. The (221) 
orientation actually provides perfect lattice matching with a short-range coincident 

site lattice. The (110) nuclei are heavily mismatched and likely strained during 
deposition. 
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orientation prevails at growth temperatures below ≈300 °C. This can be seen in the pattern in 

Figure 4.1b showing a superposition of two diffraction patterns from a mix of (001)- and (110)-

oriented nuclei. At intermediate temperatures, all four orientations of nuclei could be observed in 

a single growth. 

From the corresponding SEM images in Figure 4.1e-f, we can see that the PbSe island 

shape appears to be governed by the low-energy {100} rocksalt surfaces: (001)-oriented nuclei 

are large and have flat (001) tops and relatively disordered in-plane shapes; while (221)- and 

(221̅)-oriented nuclei form opposing triangular pyramids. (110)-oriented nuclei observed at 

lower substrate temperatures form long tent-

like structures on the surface (Figure 4.1e-g). 

Fortunately, the highly faceted nature 

of the PbSe islands leads to single-orientation 

films eventually via overgrowth. With 

continued deposition (typically 20-40 nm), 

the (001)-oriented nuclei outgrow the other 

orientations due to geometric factors—as 

seen in Figure 4.1e-g, the low-energy (001) 

surface dominates PbSe growth, and the 

islands with tilted surfaces grow vertically 

more slowly. As the misoriented grains are 

still truncated on {100} planes, their vertical 

growth rate is limited by the angle these faces 

make with the growth direction. The 

 

 

Figure 4.2 – Overgrowth of misoriented 
PbSe nuclei. 
Time-resolved RHEED of grain growth in 
multi-orientation PbSe films. (a) Soon after 
nucleation. The visible streaks represent 

flat-topped (001)-oriented islands, while 
the visible spots are the result of 

misoriented (110) and {221}-oriented 
islands. (b) After 80 nm of growth. Due to 

the highly faceted {100} growth of PbSe 

islands, non-(001) grains are overgrown 
but remain buried at the heterointerface. 
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coalescence and overgrowth times are affected by the size and distribution of nuclei, which vary 

considerably within a short range of temperatures and can be difficult to control. This overgrowth 

is shown by the RHEED patterns in Figure 4.2 – immediately after nucleation, diffraction from 

multiple types of grains is visible: Streaks indicate flat-topped (001) oriented islands while three 

sets of overlapping spots indicate the existence of distinctly 3D (110) and {221}  oriented islands. 

After continued growth, spots associated with non-(001) grains fade, leaving behind a smooth 

single-orientation surface. Similar overgrowth of misoriented grains occurs during growth of the 

IV-VI SnTe on SrTiO3[112] where (001) grains are observed to out-grow (111) grains and 

eventually produce a single-orientation film.  

The orientation of PbSe nuclei appear to depend on bond angles at the interface. Huang 

et al.[21] grew (110)-oriented PbSe quantum dots on (001) GaSb via liquid phase epitaxy (LPE), 

and attributed the misorientation to a favorable bonding arrangement around an interfacial 

selenium atom that resulted in a 90° rotation of the symmetry. They proposed that selenium 

replaces the top monolayer of antimony, and then with each selenium bonded to two gallium 

atoms at a wide (but somewhat greater than 90°) angle, the selenium’s inclination for octahedral 

coordination with lead results in 4 lead atoms being bonded to the Se such that the four lead atoms 

and two gallium atoms form a nearly-uniform octahedron around the selenium. This arrangement, 

including influence of the gallium atoms in the substrate, produces a 90° rotated crystal. 

These results these results agree with our observations in the lower-temperature regime 

accessible via MBE, where we would normally consider growth to be more kinetically limited, and 

highly sensitive to bond angles and geometry of individual monolayers. Perplexingly then, LPE is 

frequently considered an equilibrium growth technique, implying a more thermodynamic process 

and less dependent on surface kinetics, but it still results in this seemingly unfavorable rotated 

epitaxy.  
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The {221} nuclei we observe at slightly higher temperatures we believe are effectively 

(110) nuclei which have canted over ±19.47° for better lattice matching. As shown in Figure 

4.1g, The {221} orientation has a very small coincident site lattice with the (001) orientation, 

comprising only 1.5 unit cells diagonally. To be specific, when looking at the top face of an (001) 

surface, the center of one unit cell is (√1.52 + 1.52)𝑎 = (√4.5)𝑎 away from the corner of the 

next unit cell. The matching arrangement in the (211) grain is the distance from the bottom of the 

base of the unit cell to the top corner of the next unit cell: also a distance of 

(√22 + 0.52 + 0.52)𝑎 = (√4.5)𝑎. If the film and epitaxy had identical lattice parameters, these 

two nucleation orientations would both match up ideally, but with different interfacial bond angles 

and changes in symmetry. Unfortunately even after overgrowth, this mixture of {221} grains and 

(001) grains traps a significant area of grain boundary near the interface below the coalesced film. 

Alternate surface chemistries and reactions 

We also sought to nucleate PbSe on alternate surface reconstructions, in the hope that the 

altered bond angles, chemistry, and periodicity could produce a template for single-orientation 

growth. From analogous experiments, we see that PbSe islands also nucleate with multiple 

orientations on 2×5 Sb-terminated GaSb surfaces, Ga-terminated GaSb surfaces, and 4×2 and 

2×4 As-terminated surfaces of InAs and GaAs, respectively. In all cases mixes of (001), (110), 

and {221} nuclei were observed. 

With bare III-V surfaces presenting extremely high interfacial energy penalties and 

prohibiting single-orientation nucleation, surface treatments were necessary to convert III-As 

surfaces into better templates for PbSe deposition. In particular, we exposed III-V surfaces to 

group VI elemental flux and IV-VI molecular flux at high substrate temperature in order to alter 

the chemistry and symmetry of the surface. Altering the properties of the growth surface with a 
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brief flux treatment is not a new concept in 

the growth of dissimilar materials. On III-V 

substrates, group-V species can be replaced 

near a film’s surface; for example, by 

exposing GaSb to arsenic flux at elevated 

temperatures, the top monolayers can be 

converted to GaAs[113]. In MBE growth of 

heterovalent ZnSe/GaAs interfaces, a brief 

pre-exposure to either selenium or zinc flux 

changes the growth mode significantly[114], 

with zinc pre-exposure possibly supporting 

charge neutrality during interface 

formation[115]. Growing PbSe on III-V 

substrates, Huang et al.[21] hypothesized that 

selenium could replace antimony near the 

substrate surface, and Wang et al. [22] 

exposed their GaAs substrates to Te flux 

during the GaAs oxide desorb before PbSe 

growth. 

Figure 4.3 shows a series of RHEED 

patterns from an early experiment in dosing 

a GaSb (001) surface with group-IV species: (a) shows a faint GaSb 5× pattern, half of the well-

characterized 2×5 reconstruction; (b) shows this same surface after exposure to selenium flux – 

the arc of bright spots indicates a large fraction of the surface is atomically smooth, but the 

 

Figure 4.3 – RHEED of alternative 
surface reconstructions. 
GaSb surface treated with selenium flux. 
(a) 5× GaSb reconstruction persistent after 
antimony flux cutoff. (b) after Se flux 
treatment at growth temperature – 
portions of the surface remain extremely 
flat, but the background appears “fuzzier” 
indicating a partially damaged surface. (c) 
After PbSe growth initiation - spotty 
pattern with chevrons indicates formation 
of strongly faceted islands or crystallites on 
the previously smooth surface. Multiple 
crystal orientations are present. 
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background has gotten more diffuse, indicating that the selenium dose has created local spots of 

damage on the substrate. Prolonged exposure would eventually disorder the entire surface, 

resulting in no diffractive RHEED pattern, only a diffuse glow. This surface damage is confirmed 

in (c), where after PbSe deposition, a chevron pattern reveals multiple orientations of highly 

faceted PbSe nuclei. While many attempted surface treatments failed to eliminate extra grains, 

there were few that actively degraded the substrate so distinctly. 

In the case antimonide surfaces, we believe these treatments largely failed due to species 

replacement creating subsurface defects in the film. Gallium selenide is a lone stable compound, 

and with only Se or PbSe flux incident on a III-Sb surface, antimony replacement by selenium is 

almost unavoidable. Figure 4.4 shows examples of subsurface defects observed in HR-TEM. 

Figure 4.4a shows a very large defective region in the GaSb homoepitaxy approximately 20 nm 

 

Figure 4.4 – Subsurface defects at the PbSe/GaSb interface. 
Phase-contrast high resolution transmission electron microscopy. (a) 90-second 

growth of PbSe (15 ML nominal) shows a (221)-oriented nucleus above a v-
shaped defect in the GaSb surface. (b) Phase contrast HR-TEM of the PbSe/GaSb 
interface in a fully coalesced film. A subsurface defect is visible, but the PbSe film 
is not misnucleated. Not all interfacial defects necessarily produce misoriented 
grains. 
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across, with a (221) oriented PbSe nuclei directly above it. Figure 4.4b shows a much smaller 

defective region, a notable change in contrast within the GaSb homoepitaxy, but this defect has 

not nucleated a misoriented grain. It’s small enough it was likely overgrown laterally by (001) 

oriented PbSe which nucleated elsewhere. These types of defects, species replacement and pitting, 

are likely to blame for the disorder observed in RHEED patterns of treated GaSb surfaces. It is 

worth noting that antimony and selenium have more disparate electronegativities than arsenic and 

selenium, and Sb2Se3 has a lower formation energy than As2Se3[116]. This suggests that Se-Sb 

interfacial reactions are much more likely, and arsenides may be more resistant to degradation 

during treatment – I’ll explore this in the next section. 

III. CONTROLLED PbSe NUCLEATION VIA SURFACE TREATMENTS  

Although surface treatments were not able to produce single-orientation PbSe nucleation 

on GaSb substrates, we were successful in nucleating single-orientation PbSe on III-As substrates. 

Here, InAs provides a useful contrast to GaSb by presenting a chemically different surface while 

retaining a relatively small lattice mismatch. These findings highlight the importance of chemical 

compatibility, not simply lattice mismatch, in heteroepitaxial nucleation and growth. 

A recipe for single-orientation PbSe(001) nucleation 

A qualitative schematic of the PbSe nucleation procedure (omitting substrate oxide 

desorption) is shown in Figure 4.5. To modify the surface for PbSe nucleation, the substrate is 

brought to 400 °C and exposed to 3×10-7 Torr PbSe flux for 10–30 seconds. At this flux and 

temperature, PbSe evaporation is faster than deposition, so we observed no multi-layer 

accumulation of PbSe on the surface – the growth rate is effectively zero. Even so, in the first 5-

10 seconds of PbSe exposure, the 4×2 reconstruction transforms to a well-defined 2×1 

reconstruction. If PbSe flux is continued, after 2-4 minutes, the surface disorders along one axis 
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into an n×1 reconstruction. Both the 2×1 and the n×1 reconstructions appear to be robust below 

400 °C – the PbSe flux can be halted and either reconstruction will persist while the substrate is 

cooled to 330 °C before PbSe flux is reinitiated to begin growth. The 2×1 and n×1 reconstructions 

can be produced by identical methods from both the InAs 4×2 and the GaAs 2×4 surfaces.  

More detailed RHEED patterns of the bare (001) InAs 4×2 reconstruction are shown in 

Figure 4.6, followed by the stages of surface conversion and film growth. Through this entire 

dosing/treatment procedure, the surface remains extremely flat, and when growth is reinitiated on 

either the 2×1 or the n×1 treated surfaces, we see single-orientation nucleation of (001) PbSe at 

substrate temperatures greater than ≈310 °C. It seems this surface treatment is effective at 

suppressing all {221}-oriented nuclei that we saw forming on untreated surfaces at elevated 

nucleation temperature. The growing (001)-oriented nuclei exhibit a typical unreconstructed 1×1 

rocksalt (001) surface during and after growth. Despite streaky RHEED patterns immediately 

after PbSe flux initiation, we find the growth mode remains Volmer-Weber (3D islands and 

 

Figure 4.5 – A surface treatment recipe for single-orientation PbSe growth. 
In orange, a simple ramp up to growth temperature is unsuccessful, and results in 
misoriented grains. In green, the successful treatment, the surface is exposed to 
PbSe flux above the PbSe re-evaporation temperature. For simplicity, the oxide 
desorb step is omitted. 
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coalescence) and not layer-by-layer. Still, this conversion of the arsenide surface is able to control 

nucleation orientation and create a single-orientation film with a sharp interface. 

Chemistry of the surface treatment 

The precise structures of the 2×1 and n×1 reconstructions are not known to us, but we 

believe that both selenium and lead species are present in the most stable case. Others [117,118] 

have explored a Se-stabilized 2×1 reconstruction on GaAs substrates, but we believe the 2×1 

reconstruction we observe on PbSe-treated InAs and GaAs is distinct from this selenized GaAs 

surface, and involves Pb species as part of the termination. Although we have been able to produce 

a 2×1 reconstruction on InAs using selenium flux only, the process is not as robust as when using 

 

 

Figure 4.6 – RHEED patterns showing evolution of a PbSe:InAs surface. 
Under PbSe flux at 400 °C, the initial 4×2 surface is replaced with a 2×1 
reconstruction after 5-10 seconds, and eventually an n×1 reconstruction after 2-4 
minutes. Both the 2×1 reconstruction and the n×1 reconstruction suppress 
formation of off-orientation PbSe grains at high temperatures, so at the onset of 
PbSe growth at 330 °C, a streaky 1x1 reconstruction is recovered very quickly. 
Even when the film has not fully coalesced (see Figure 6.3 below), the only 3D 
diffraction can come from the step-edges of otherwise smooth islands. 
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PbSe flux, and attempts to control nucleation orientation on InAs using only selenium have been 

inconsistent. Very high doses of selenium flux on InAs surfaces result in RHEED patterns with 

chevrons (similar to Figure 4.3), indicating possible surface reactions and roughening to facets. 

The presence of lead species may serve to stabilize the new surface structure and prevent deeper 

reactions from occurring.  

During a treatment of a GaAs or InAs surface with PbSe flux, exempting limited surface 

reactions, it appears most unused Pb and Se species readily evaporate. However, for long doses 

or slightly lower temperatures, a significant density of droplets can be seen on the PbSe surface 

after growth. We believe that the lower vapor pressure of lead sometimes causes preferential Se 

evaporation, leaving lead species on the surface to coalesce into metallic droplets. Figure 4.7 shows 

SEM and STEM micrographs of such a droplet, its apparent morphology on a PbSe surface, and 

with STEM-EDS, chemical confirmation that the droplet core is Pb. Interestingly, if formed 

during the dose, these droplets must ride on the surface of the film while it is growing, and in this 

 

 

Figure 4.7 – Lead droplets formed during surface pre-dose. 
(a) shows an SEM micrograph of a thick PbSe film tilted at a 45° angle so the cross 
section and top surface are visible. Amongst other surface defects, a large round 
droplet is visible. (b) shows cross-sectional STEM micrographs of a similar droplet 
on a thinner PbSe film. A typical HAADF image is recorded simultaneously with 
EDS spectra allowing for chemical mapping of the cross section, showing the 
droplet consists primarily of lead, with an outer layer of selenium. 
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STEM cross section, a thin layer of selenium is seen to coat the top of the droplet. Some diffusion 

or convection of species within the liquid droplet must allow for continued growth, like a 

miniature implementation of liquid phase epitaxy. These growth mechanics are probably not 

worth exploring further, but serve as a reminder that overly lead-rich growth can cause defects in 

these materials. 

IV. NUCLEATION OF PbSe(111) ON InAs(111)A 

Eliminating rotational twin boundaries with surface treatments 

Even between the same pair of materials, forming an interface in a different orientation is 

an entirely different problem to solve because different crystallographic faces have different 

symmetry, termination, and surface charge. Every crystallographic plane then presents a unique 

energetic landscape for the impinging flux species, and new problems need to be solved to achieve 

single-orientation nucleation. In the case of PbSe deposition on InAs(111)A, we could expect a 

cube-on-cube nucleation scheme where the 3-fold cubic symmetry persists through the 

heterointerface, however this is not always the case. Figure 4.8 shows a RHEED pattern of a 

growing PbSe wafer showing a duplicate pattern: two distinct populations of grains, mutually 

twinned, but both (111) oriented. Where 

(001) misorientations tended to tilt about an 

axis parallel to the growth plane, 

misorientations of these (111) films are 

better classified as in-plane rotations. The 

symmetry of PbSe allows these grains to be 

considered mirror twins, 60° rotations, or 

180° rotations of each other. 

 

 

Figure 4.8 – RHEED indexing of a 
mixed-domain (111) PbSe surface. 

(a) RHEED pattern down a (110)-type 
zone axis, showing two sets of spots. (b) 
simulated RHEED pattern, showing that 
vertical pairs of spots will be present in 
cases where two orientations exist. 
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Similar to nucleation on (111) oriented substrates, we find that single crystalline films can 

be obtained via proper application of the high-temperature surface treatment described above. 

The films in Figure 4.9a, and Figure 4.9c are both 65nm PbSe films that received different surface 

treatments. The film in Figure 4.9a has nanoscale rotated/mirrored grains, while the film in Figure 

4.9c is single-crystalline, with only threading dislocations visible to ECCI. 

The polycrystalline film (Figure 4.9a) was grown on an InAs substrate treated with PbSe 

flux at 360 °C for 15 minutes, but this substrate temperature was too low and the RHEED pattern 

became spotty during the dose. When growth was reinitiated at 320 °C, triangular nanoscale grains 

were observed (Figure 4.9b). We believe that this substrate temperature was not far enough above 

the evaporation temperature for PbSe, and some PbSe was deposited on the substrate in the form 

of very small islands, which acted as seeds for later deposition. 

The single-crystalline film (Figure 4.9c) was grown on an InAs substrate treated with PbSe 

flux at 400 °C for 15 minutes. During this dose, the surface reconstruction transitioned smoothly 

from a 2×2 to a 1×1 and remained streaky, indicating that a smooth surface was maintained while 

the surface structure was altered. Subsequent growth on this smooth altered surface at 320 °C 

resulted in single-crystalline films. Later experiments showed a 400 °C surface treatment is 

effective after only 30 seconds, so at a high temperature, a relatively short surface treatment is 

sufficient to chemically and structurally prepare the surface for single-orientation growth. 

In order to determine the mechanism behind this dosing procedure, we examined these 

two possible interfaces in more detail. Essentially, the PbSe film shown in Figure 4.9a is the result 

of uncontrolled competition between two distinct interfacial stackings which are 180° rotated with 

respect to one another but share the [111] direction with the substrate. One of these orientations 

shares three-fold rotational symmetry with the substrate (the so-called “Type A” epitaxy), while 

the other is reversed, effectively making the entire heterointerface a rotational twin (“Type B” 
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epitaxy). The preferred triangular habit of the 

coalesced islands, along with the dark/light 

orientational contrast provided by ECCI, reveal 

their internal structure (Figure 4.9b). The 

heterovalent interface between InAs(111)A and  

PbSe(111) appears to be very high-energy, and 

consequently, heteroepitaxy occurs in the 

Volmer Weber growth mode of island nucleation 

and coalescence. Like-facing grains coalesce 

evenly, likely forming misfit and threading 

dislocations during island fusion, but in the more 

extreme case of oppositely-rotated grains, 

coalescence results in a twin boundary marked by 

a shallow trench in the film’s surface. For this 

reason, controlling the nominal orientation of 

every island with respect to the substrate is 

essential for high quality crystal growth. 

Paradoxically, the film in Figure 4.9c, free of 

grain boundaries, actually has the Type B 

stacking where the rotational symmetry changes 

across the interface. The mechanics of this 

unexpected interface formation are detailed in 

the next chapter.   

 

Figure 4.9 – Surface treatment 
eliminates twinned grains in (111) 
oriented PbSe films. 
ECCI micrographs show 65 nm thick films 
of PbSe grown on InAs at 320 °C with 
different pre-treatments. (a) A film receives 
a 15 minute dose at 360 °C and shows two 
populations of triangular grains with 
shallow trenches between them marking 
twin boundaries. (b) Schematic of the 
rotations in cubic symmetry observed in 
film (a). (c) A film receives a 15 minute 
dose at 400 °C and shows a single-
orientation structure with some 
dislocations. Note that (c) is processed 
with significantly higher contrast than (a). 
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5. Interfaces and registry 

I. INTRODUCTION 

In this chapter, I will take a closer look at these interfaces, discussing HR-STEM 

investigations of four heteroepitaxial combinations involving IV-VI materials, with an emphasis 

on interface formation mechanisms and heterovalent bonding. The first three examples are 

heterovalent interfaces between lead selenide and III-arsenides in different crystallographic 

orientations. These interfaces are between cubic materials with similar symmetry, are sharply 

defined and relatively well-behaved. The fourth interface I’ll discuss is the SnSe/PbSe interface. 

Both of these materials contain chemically similar species, but form dramatically different 

equilibrium crystals structures: one 3D cubic, one orthorhombic with 2D van der Waals layers. 

Parts of this chapter are based on published results from the papers Nucleation control and interface 

structure of rocksalt PbSe on (001) zincblende III-V surfaces[101] and Interface structure and luminescence 

properties of epitaxial PbSe films on InAs (111)A[102], as well as results from a forthcoming paper on 

SnSe epitaxy. 

Heterovalent interfaces, especially heterocrystalline interfaces, present a fascinating 

problem for materials science. Crystals in their idealized form are infinite, where the same atom in 

every unit cell has the same charge state, coordination, bond angles, etc., but in the last chapter, 

we discussed how crystals end, and how important these surface reconstructions are in 

determining how crystals interact with new impinging species. Once nucleation occurs, a new 

equilibrium structure forms between the film and substrate, bridging the many discontinuities and 

incompatibilities that exist between disparate crystalline materials. 

Coordination 

The most obvious fault at an interface is one of coordination – transitioning from a 
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tetrahedrally coordinated zincblende substrate to an octahedrally coordinated rocksalt film 

necessitates at least one layer of atoms with atypical, even asymmetric coordination. Even if the 

film and substrate share cubic symmetry and orientation in space, the exact structure at the 

interface can vary significantly. One well-characterized example is the case of rare-earth rocksalts 

on III-V substrates: eight possible interfacial stackings were enumerated by Tarnow[119], who 

calculated that between lattice-matched ErAs and AlAs, either the Shadow[As,As] or Chain[Er,As] 

structures were minimum-energy configurations for As-terminated AlAs, however, he 

acknowledges that kinetics and particular growth conditions could dramatically alter interface 

formation. In experiment, two studies [99,120] had observed the arsenic sublattice to persist across 

the interface between GaAs or InGaAs and ErAs, eliminating some possibilities, and Klenov et 

al.[121] used HR HAADF STEM to directly image the interface, determining a precise stacking 

of Chain[As,In/Ga]. This configuration places the burden of coordination compromise on the 

interfacial arsenic species, each of which is bonded asymmetrically to five erbium atoms in the 

film and two gallium atoms in the substrate. 

Kinetics and interface formation 

There can be significant discrepancies between heterointerfaces predicted by equilibrium 

DFT simulations and interfaces that are actually formed in MBE growth. In the last chapter I 

explained the tendency for cubic films in the (111) orientation to rotate 180° during nucleation, 

creating a twin boundary at the heterointerface. This problem is not unique to the IV-VI films – 

Type B (rotated) interfaces have also been observed in the Ge/CaF2 system[122], a covalent 

diamond cubic film on a fluorite substrate, and the CoSi2/Si system[123], a metal fluorite film on 

a diamond cubic substrate. In the case of Ge/CaF2, the energy difference between stackings is 

calculated to be less than 10 meV/atom[122]. This very narrow energy difference results in a slight 

preference towards the Type B interface that paradoxically increases at higher temperatures. If we 
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were imagining any configurational space with only 10 meV difference between two minima, at 

hundreds of °C, we would expect an exactly 50:50 mixture of the two states, but here, one state is 

clearly favored, even more so at elevated temperatures. The thermodynamics of two slabs of 

different crystal structures pressed together is very different than the thermodynamic landscape 

seen by a partial layer of adatoms navigating an existing surface looking for low-energy binding 

sites.  

A similar situation has been observed for PbTe/CdTe, where the Type A and Type B 

stackings are predicted to differ by only 12.5 meV/atom[110], but clear preferences still exist. On 

(111) Si substrates, the nucleation orientation of PbSe depends on temperature[13]. While on 

CaF2, PbTe orientation is based on step orientation and varies with surface/subsurface 

defects[124]. In the case of Ge/CaF2, the authors additionally point to removal of the top fluorine 

layer of the substrate as critical for forming the Type B stacking[122]. Here, as with the IV-VI 

examples, it appears placement of the first monolayer of atoms past the heterointerface is critical 

to set epitaxial symmetry for the rest of the growing film. 

Such discrepancies are one of the reasons MBE is widely regarded as a non-equilibrium 

growth technique – because crystals are formed one layer of atoms at a time, the kinetics of this 

process need not result in an energetically ideal interface, merely that each layer of atoms deposited 

finds a deep local minima in its own configuration space. This can be frustrating if films are 

nucleating into defective high-energy configurations, but the kinetics-limited growth of MBE 

should be considered a feature, not a bug, for giving materials scientists many extra variables to 

tune – extra dimensions of parameter space to step through. Substrate temperature over time, the 

molecular, cracked molecular, or elemental nature of the incident flux, and even the shutter 

sequencing over time[125] can be used to control surface termination, replacement reactions, and 

ordered layer formation. 
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Value in tunable interfaces 

Controlling the atypical heterovalent interface atomic arrangement between the IV-VI and 

III-V semiconductor families will also grant control over the induced interfacial charge, with both 

electronic and structural implications for thin films. In addition to classical optoelectronics, a 

subclass of IV-VI materials including PbSnSe and PbSnTe belong to the topological crystalline 

insulator phase of matter, and these heterointerfaces can host novel electronic states. The ability 

to grow ordered interfaces between topologically trivial and non-trivial materials would expand 

the study of the well-known non-trivial surface states to interface states[126] that have the 

potential to be pristine and controllable.  

II. INTERFACE STRUCTURE OF PbSe(001)/InAs(001) 

Interfacial reconstruction 

HAADF-STEM is sensitive to atomic number, and at high resolution, grants unparalleled 

ability to map atomic registry between two crystals. Figure 5.1 shows cross sectional STEM 

micrographs of the epitaxial interface between InAs and PbSe when PbSe is grown on a PbSe 

flux-treated 2×1 (001) InAs surface. Based on these two orthogonal cross-sectional images, we 

propose a Chain[Pb,As] structure[119] for the hetero-crystal-structure interface. STEM reveals an 

As-terminated III-V crystal bonded to a ¼,¼-shifted rocksalt unit cell. Lead atoms take the place 

of what would be the next layer of indium atoms, apparently bonded to the tetrahedrally-

coordinated arsenic termination layer. Selenium fills in between the lead to complete the 

checkerboard (001) rocksalt surface. Lead species effectively continue the indium sublattice, 

creating a (nominally) continuous cation sublattice across the interface. 

This Chain[Pb,As] structure seems to be unique in the literature. Most studies of 

rocksalt/zincblende heteroepitaxial systems depend on a continuous sublattice of one species: 
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(001) ErAs/GaAs has a continuous FCC arsenic sublattice[127], and both (110) and (001) 

PbTe/CdTe have a continuous tellurium sublattice[128]. The PbSe/InAs system has no common 

species between the substrate and film. Unlike these examples with a continuous, same-atom 

cation sublattice, the PbSe/InAs interface has a mixed-species, continuous-anion sublattice across 

the interface. Ignoring the interfacial spacing change, the FCC indium sublattice in the substrate 

matches up with the lead FCC sublattice in the film.  

Although the valency mismatch is different between this system and our IV-VI/III-V 

growth, our observation of Chain[Pb,As] is most similar to the Chain[Er,As] model, suggesting 

that the interface could be a thermodynamically optimal one[119]. Experimentally, this hypothesis 

is supported by the high substrate temperature during the surface treatment, which likely provides 

sufficient energy for the surface to exit any local minimum arrangement, however the 

 

 

Figure 5.1 – PbSe/InAs(001) interfacial structure. 
High resolution HAADF STEM reveals a sharp interface with no obvious 
reactions or atomic exchange across the interface. A proposed atomic column 
mapping/structure is overlaid and shown graphically to the right. 
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thermodynamic arrangement achieved is again, not equivalent to the difference between two slabs, 

merely favorable for one monolayer of adatoms. 

The STEM reconstruction indicates that the directional Pb-As bond is critical to the 

Chain[Pb,As] interface formation, implying that lead is the most important species and is likely 

present in the most stable 2×1 reconstruction prior to film growth. Surface treatments using only 

selenium produced inconsistent results – it’s possible that a coating of selenium delays lead 

reaching the group V species and making a strong oriented bond. Alternately, a different chain or 

shadow structure may form on Se-only reconstructed surfaces, but with a lower energy barrier to 

misorientation. 

Selenium sublattice distortions  

Measured via HAADF traces, the [001] spacing between the top layer of arsenic and the 

bottom layer of lead is 2.5 Å, intermediate between the 𝑑𝑃𝑏𝑆𝑒(002) =  3.06 Å, and 𝑑𝐼𝑛𝐴𝑠(004) =

 1.52 Å. Interestingly, the first few monolayers of PbSe seem slightly distorted, with selenium 

species slightly displaced away from the interface. The first layer of the selenium sublattice is 0.5 

Å displaced from the first layer of the lead sublattice, and this discrepancy fades significantly over 

the first ~10 monolayers until the lead and selenium sublattices begin to line up. Figure 5.2 shows 

this distortion with two HAADF-contrast traces across the PbSe/InAs interface. 

We hypothesize an interfacial bonding arrangement where the strong covalent bonds from 

the substrate, a continuation of the tetrahedral bonding from the terminating arsenic layer, extend 

up to the lead atoms in the first monolayer of IV-VI rocksalt. Obeying more typical IV-VI 

bonding, the selenium sublattice effectively fills in square interstices in the first monolayer of semi-

tetrahedrally bonded lead, and is not directly bonded to the InAs layer. Unlike in bulk rocksalt 

material, the first layers in the selenium sublattice are compressed (See Figure 5.2 inset). This is a 
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different distortion than the alternating 

rumpling previously seen at PbSe interfaces 

and surfaces[128,129]. We speculate that 

charge at the heterovalent interface may be 

responsible for this spatially varying 

structural distortion, but more study is 

required to locate the excess charge which 

will depend on the band offset between PbSe 

and InAs, which is not yet known.  

To speculate that this distortion is 

exclusively due to electrostatic forces and 

effective charge buildup at the interface, such 

a distortion would imply a built-in E-

field[130], and graduated potential near the interface. It’s possible that measurement of such a 

distortion is a method of directly measuring interfacial band bending as 𝑉 ∝ ∫ 𝐸 ∙ 𝑑𝑥.  

Implications of interface distortions 

For certain compositions, IV-VI materials such as SnTe and PbSnSe exhibit a TCI phase 

with an inverted bandgap[37,38,40,131]. Such a state is linked to crystal mirror symmetries, so 

tracking symmetry across the heterovalent interface is important for considering future 

applications. The 2×1 reconstruction appears to leave behind no residual disorder or partial 

monolayers at the interface so the nominal atomic structure we observe at the IV-VI/III-V 

interface is a near best-case scenario for preserving symmetry: one crystal structure simply ends 

and the other begins. That said, there are two structural distortions present near the interface with 

potentially interesting effects. The asymmetric strain state resulting from island coalescence 

 

Figure 5.2 – Sublattice distortion. 

[001] contrast traces (averaged without 
fitting) across the HAADF STEM 
micrograph from Figure 5.1 (left). The 
InAs barbells can be seen on the right, and 
the alternating Pb/Se species on the left. At 
the interface, the final InAs layers appear 
slightly stretched, and the first few 
monolayers of the selenium sublattice are 
warped away from the interface. The 
vertical grid lines are at a regular interval. 
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imposes a shear in the (001) plane which maintains important mirror symmetries, but still distorts 

the band structure and has been predicted[132] to shift but not gap topological states on the (001) 

rocksalt surface. The other significant symmetry-altering perturbation at the interface is the offset 

between the Pb and Se sublattices very near the III-V termination. Serbyn and Fu[132] show that 

the rhombohedral ferroelectric distortion (𝑤 = 〈110〉) breaks one important mirror symmetry 

and gaps the topological surface states. If the (𝑤 = [001]) distortion we observe has similar 

behavior, it may gap the states immediately at the interface, but because this distortion is isolated 

close to the hetero-interface, it would displace the topological interface state deeper into the IV-

VI film. 

III. INTERFACE STRUCTURE OF PbSe(001)/GaAs(001) 

Nominal structure and bonding 

The PbSe/GaAs interface bears close resemblance to the PbSe/InAs interface. On both 

substrates, exposure to PbSe flux at elevated temperatures produces a 2×1 reconstruction, and 

PbSe nucleates with a single orientation in a cube-on-cube epitaxial arrangement. At the moment 

of nucleation, we assume that PbSe also adopts the Chain[Pb,As] stacking, but once growth begins, 

it becomes impossible to define one stacking sequence. The bonding across the heterointerface is 

so weak that dislocation cores become extremely wide, with the core width approaching the 

dislocation spacing, and the film and substrate continuously shifting in and out of mutual registry. 

Figure 5.3 shows a HAADF STEM comparison between two edge dislocations in PbSe: 

(a) shows a dislocation at the interface between GaAs and PbSe, and (b) shows a dislocation in 

the center of a PbSe layer. The interfacial dislocation in (a) is undissociated, but has an extremely 

wide core, nearly equivalent to the equilibrium misfit dislocation spacing of ~5 nm. In contrast, 

the dislocation in (b) is dissociated over a length of multiple unit cells (2-3 nm), and each partial 
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dislocation is extremely small, less than 1 nm wide. These images indicate a stark difference 

between the 3D bonding within a PbSe layer and the much weaker heterointerfacial bonding 

between the PbSe layer and the GaAs substrate. 

Moiré heteroepitaxial registry 

On first impression, this interface looks almost van der Waals bonding, with effectively 

zero interaction between the PbSe and the GaAs layers, as if they were free surfaces, but a more 

careful analysis of the atomic positions in the two interfacial layers reveals a slight preference for 

lead to align over arsenic, demonstrated by a flattening of the “lateral offset” curve at 

displacements of 0, 1, and 2 times the burgers vector. These flat regions indicate coherently 

strained film, while the sloping regions indicate a gradually changing registry, a “vernier scale” 

where the two lattices fade in and out of alignment. 

 

 

Figure 5.3 – Interfacial dislocation widths and bond strength. 
(a) HAADF STEM of a PbSe/GaAs interface, with two edge dislocations visible 
in the image. (b) HAADF STEM of an edge dislocation in PbSe. Also included 
are plots of (lateral) atomic displacements, generated from HAADF contrast traces 
along the layers marked with arrows. Distances are in units of burgers vector 
magnitude. 
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Figure 5.4 shows the moiré pattern formed by the bonding (001) planes of PbSe and 

GaAs if there was no preference for a particular registry (a nearly-true approximation). As these 

lattices combine, there is actually a checkerboard of different interfaces that are formed 

periodically. The Chain[Pb,As] structure is the structure we observe at the better-matched 

PbSe/InAs interface, but in this case we also see Shadow[Pb,As], Chain[Se,As], and 

Shadow[Se,As]. The cross section in Figure 5.3 is looking at this pattern down the axis from 

“Shadow[Pb,As]” to “Chain[Pb,As]”, and from “Chain[Se,As]” to “Shadow[Se,As]”, so alternately 

we observe columns of atoms where lead interacts with arsenic and where selenium interacts with 

arsenic. Looking closely at the dislocated regions in Figure 5.3a, the PbSe lattice actually appears 

to bow away from the GaAs surface when selenium and arsenic are placed in close proximity. Not 

only is this what we would expect from the perspective of charge and polar bonding between 

species in each material, but it implies that in PbSe films grown on GaAs, the interface will have 

a 2-fold symmetric periodic array of attractively bonded and repulsive areas depending on local 

 

 

Figure 5.4 – Moiré of bonding and registry at the PbSe/GaAs interface. 
The bonding monolayer from each structure are drawn overlayed, and the lattice 
mismatch has been rationalized to a 12-atom period. Four options for registry are 
shown, and at this interface, a repeating grid of these four stackings will exist 
throughout the plane of interface. This diagram can also be used to determine 
nominal edge dislocation core structure in better-matched examples like 
PbSe/InAs. 
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registry. The electronic and mechanical implications for such a periodic bonding structure are not 

yet known, but these interfaces are completely unlike mismatched III-V/III-V interfaces, which 

have condensed dislocations with coherent bonding in between. Chemical incompatibility and 

large lattice mismatch combine to create these unique structures. 

IV. INTERFACE STRUCTURE OF PbSe(111), PbSe(111)R180° /InAs(111)A 

For structural reasons that will be explored in detail in the next chapter, most epitaxial IV-

VI films are grown in the (111) orientation. As the (001) and (111) surfaces of a zincblende 

crystal are dramatically different in terms of symmetry, charge, and bond geometry, in many ways 

it was serendipitous that a similar surface treatment was able to create oriented PbSe nucleation 

on both the (001) and (111)A surfaces of InAs. Initial measurements utilizing typical diffraction-

based techniques like XRD, ECCI, and RHEED actually indicated the surface treatments were 

unsuccessful because of confounding defects below the heterointerface, and high resolution 

STEM, with the ability to directly image atomic structures, became a critical tool for evaluating 

nucleation orientation. 

Type A and Type B stackings 

As discussed in the last chapter, without an adequate surface treatment, the high-energy 

heterovalent interface readily produces two populations of PbSe grains that are rotated 180° in-

plane with respect to each other, separated by rotational twin boundaries. We have characterized 

both of these interfacial stackings: unrotated, Type A, and rotated, Type B (Figure 5.5). The 

primary difference between the A and B stackings is the placement of the first layer of lead atoms: 

in the Type A interface, these lead atoms are lined up directly above the top layer of arsenic in the 

substrate, while in the Type B interface, the lead and arsenic are farther apart. In both cases, the 

bond angles around the first layer of lead atoms define the 3-fold cubic symmetry for the rocksalt 
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film. We believe that during our high-temperature surface pre-treatment, we are giving this first 

layer of lead atoms the kinetic freedom to migrate to the energetically favorable A or B site. 

Interestingly, this equilibrium structure achieved in Figure 4.9c is actually Type B epitaxy—it seems 

counterintuitive that the creation of a rotational twin across an already expensive heterointerface 

could be energetically favored. 

A more detailed analysis reveals slight distortions at the interface, the most dramatic of 

which is the spacing of the first PbSe monolayer. Although actual lattice distortions are likely more 

nuanced, a tentative interpretation of the interplanar spacings near the interface (Figure 5.5c) 

indicates that the first layer of PbSe in both structures is a nearly zincblende-ordered monolayer 

 

 

Figure 5.5 – PbSe/InAs(111)A interfacial structures. 
High-resolution HAADF-STEM cross sections of two PbSe/InAs interfaces with 
proposed structures. Reconstructed structures assume 3-fold rotational symmetry 
in the growth plane. (a) The metastable Type A cross section was cut from a 
stacking-fault-free region of the PbSe/InAs interface from a sample that received 
an ineffective surface treatment (Figure 1a). (b) The equilibrium Type B cross 
section was cut from a sample treated with PbSe flux at 400 °C where all 
PbSe/InAs interfaces include exactly one rotational twin, resulting in a 180° 
rotated film. A wide integrated line trace (c) of the Type B interface HAADF image 
is also shown to demonstrate regular interplanar spacings through the interface, 
with the first layer of PbSe compressed towards zincblende. [STEM Processing 
details: 20 images, stacked for drift correction, smoothed with α = 200 pm gaussian 
blur.] 
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of PbSe. If this interpretation is correct, there is a slight separation between the chemical 

heterointerface and the structural heterointerface. During the high-temperature dose at 400 °C, 

the PbSe evaporation rate is high and only a single monolayer can adhere to the substrate. In the 

absence of more rocksalt layers, the most stable conformation for a single PbSe monolayer is to 

continue the existing tetrahedrally coordinated zincblende lattice. When this pseudo-zincblende 

monolayer is cooled to ~300 °C and PbSe growth is initiated, the first layer of lead atoms assumes 

its octahedral rocksalt coordination, and the bond angles of this lead layer set the symmetry for 

the rest of the PbSe film.  

It is important to note, however, that this is an idealized picture of the interface. A single 

monolayer of zincblende-oriented PbSe would imply a sharp chemical interface and a separate 

sharp structural interface, but in reality these are probably not perfectly abrupt. Before the PbSe 

dose, in RHEED we observe a 2×2 reconstruction on the InAs surface, which could indicate an 

arsenic trimer structure and as much as ¾ of a monolayer of arsenic remaining. During the PbSe 

dose, it is likely that not all of this residual arsenic is evaporated, resulting in a mixed composition 

layer. Such a mixed selenium-arsenic layer would have a much stronger bias towards tetrahedral 

bonding when in the presence of an existing zincblende film. After the PbSe dose we see a 1×1 

RHEED pattern, which we believe corresponds to an unreconstructed pseudo-zincblende lead-

terminated surface. With this evidence, accepting a slightly blurred chemical interface helps to 

explain the symmetry reversal between the first “monolayer” and the rest of the film. 

With only a single monolayer of material deposited on a substrate during the pre-

treatment, we find this procedure essentially 100% effective at regulating stacking. Necessarily 

then, the selective driving force for Type B stacking must be much higher than kBT during the 

treatment to cause such an extreme bias. There may also be a rapid ripening process that results 

in single-orientation film across the wafer after initial nucleation, but if such a ripening process 
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does contribute, we know it is limited by the underlying structure – as in Figure 5.6. The PbSe 

does not form a continuous layer of the majority stacking, instead it conforms closely to the 

twinned regions that already exist in the buffer. The difference between Type A and Type B slab-

on-slab interfacial energies doesn’t matter, only the energetics of layer-by-layer growth and the 

geometry of ultra-thin structures. 

Propagation of substrate twins 

A PbSe film free of grains would be ideal, but homoepitaxial growth of InAs(111)A is still 

under development and the InAs buffer layers used in this work contain some twins which are 

transmitted up to the PbSe films. It is worth clarifying that these boundaries are between twinned 

grains of PbSe crystal. As PbSe has 3-fold rotational symmetry about the [111] direction, and 

mirror planes parallel to the [111] direction, the structure on one side of one of these boundaries 

can accurately be considered either rotated or mirrored with respect to the structure on the other 

side. Although the vertical boundaries we observe are frequently not in symmetric directions, and 

so may be largely incoherent. While not perfect substrates for devices, these differing grains 

present on the same sample surface actually provide an excellent test of robustness for the high-

temperature dose mechanism.  

Figure 5.6 shows how large twinned grains in the substrate are propagated through the 

heterointerface to the PbSe film. In Figure 5.6a, we see two twin boundaries in the InAs buffer 

(with a third below the imaged frame). One of these twin boundaries curves to intersect the 

heterointerface. On the left, a 0° rotated InAs layer that shares cubic symmetry with the substrate 

grows 180° rotated PbSe, forming a heteroepitaxial rotational twin. On the right, a 180° rotated 

InAs layer acts as a substrate for 0° rotated PbSe, similarly forming a rotational twin, but resulting 

in film that shares 3-fold symmetry with the substrate. The boundary continues vertically between 

the left and right grains of PbSe, producing a wide moiré pattern in the center of the image. 
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Figure 5.6b shows a wider view of one of these boundaries in darkfield STEM. The 

twinning in the InAs substrate is close enough to the interface that it is nearly invisible at this scale, 

but the twin boundary in the PbSe is bright, and grows upwards vertically until intersecting the 

surface, where a shallow trench has formed between the grains. Interestingly, this trench is also 

highly crystallographic, and opens with faces ~36° to vertical, indicating mirrored {100} surfaces 

form the internal faces of the trench.  

The grain structure in these PbSe films inherited from the InAs substrate is quite large, 

with typical faulted regions spanning tens of microns. Figure 5.6c shows plan-view ECCI of a 65 

nm PbSe film – we believe that the majority of the film (dark contrast) does not have rotational 

 
Figure 5.6 – Subsurface twins in InAs can propagate into the PbSe film 
(a) HR HAADF-STEM of a twin boundary in the InAs buffer intersecting the 
heteroepitaxial interface and inducing a twin boundary in the 1.5 µm PbSe film. 
(b) ADF-STEM of a twin boundary in a PbSe film, terminating in a faceted trench 
at the film surface. (c) Plan-view ECCI micrograph of a 65 nm PbSe film with 
rotated/mirrored grains originating in the buffer layer. [Processing details: (b) 
denoised with 2px median filter, (c) smoothed with α = 1 μm gaussian blur.] 
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twins in the buffer, and is then 180° rotated to the substrate, while the pockets of light contrast 

are grown on rotated/mirrored buffer, and share symmetry with the substrate. 

V. INTERFACE STRUCTURE OF SnSe(100)/PbSe(001) 

Introduction to 2D/3D interfaces 

Unlike the 3D rocksalt IV-VI materials like PbSe, PbTe, and PbSnSe, SnSe is a 2D layered 

van der Waals (vdW) material with an orthorhombic unit cell and the Pnma structure. Granted 

this difference, we have used this IV-VI/IV-VI system to explore 2D/3D heterointerfaces, 

exploring how mixed-dimensional structures can form between chemically compatible and 

structurally commensurate materials with different crystal structures and symmetries. 

Integrating materials with different structural and bonding dimensionality, 0D to 3D, 

forming mixed-dimensional heterostructures, allows for the harnessing of new physical 

phenomena in devices – careful work in developing nearly defect-free routes for high quality 

0D,1D, and 2D III-V semiconductor quantum dots, wires, and wells in 3D semiconductor 

matrixes not only enabled new science but also practical electronic and photonic devices. Recently, 

2D layered materials with van der Waals (vdW) interlayer bonding and dangling-bond-free 

interfaces led by transition metal dichalchogenides (TMDCs) have generated excitement in a 

special class of mixed-dimensional vdW heterostructures with conventionally bonded 3D 

materials that show promise in a range of electronic devices. Such structures may one day allow 

for defect-free integration, accommodation of thermal mismatch, and electronically active mixed-

dimensional junctions.  

These 2D/3D structures present new challenges for heteroepitaxy and require managing 

even greater disparities in symmetry, bonding, and structure than other systems. One of the most 

popular routes to 2D/3D integration eliminates the concern of symmetry by relying on the on the 
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6-fold or 3-fold symmetry shared by many TMDCs and the (111) surfaces of cubic materials[133], 

but many lower-symmetry layered materials, like SnSe, also show promise[134,135] and warrant 

investigation. We have worked to integrate SnSe films on GaAs(001) substrates through the use 

of a PbSe interlayer. Leveraging the work I presented in the last chapter to create a stable 

heterovalent interface between PbSe and GaAs, we can isolate the problems of symmetry and 

dimensionality at the interface between PbSe and SnSe. 

SnSe(100)/PbSe(001) interface: dimensionality and heterocrystallinity 

When grown on chemically and structurally-compatible rocksalt PbSe, SnSe takes on a 

controllable epitaxial arrangement where SnSe[100] (vdW axis) is parallel to PbSe[001] and 

SnSe[001] is parallel to either PbSe[110] or PbSe[11̅0], respectively (Figure 5.7). SnSe has a 

layered structure with two mutually 180° rotated vdW layers per unit cell, each of which consists 

of two covalently bonded atomic monolayers, and the atomic arrangement of any individual 

atomic layer bears striking resemblance to the rocksalt (001) plane (Figure 5.7e) - if the SnSe unit 

cell is strained +4.66% in the [010] direction and -2.53% in the [001] direction, the base of the 

unit cell is made square and corresponds with the (001) plane of PbSe rotated 45°. 

It’s also important to note – SnSe has lower rotational symmetry than PbSe, so the epitaxial 

arrangement shown could be just as easily nucleated in any of four directions. This randomness is 

an unavoidable side effect of symmetry, and Figure 5.7d shows a plan-view ECCI micrograph 

revealing two distinct populations of grains: 0°/180° and 90°/270° rotations, with grain 

boundaries falling preferentially along the SnSe[110] and SnSe[11̅0] directions. Only two 

populations of grains can be seen, not four, because a 180° rotation of SnSe is equivalent to a 

vertical displacement of a/2, rendering them indistinguishable to diffraction. 

Where an interface between PbSe and InAs (chemically-incompatible 3D) or Bi2Se3/SiC 
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(Chemically incompatible 2D/3D)[136] may be atomically sharp, the chemically-compatible 

2D/3D interface we observe is smeared out distinctly over 2-3 vdW bilayers. Notably, the onset 

of vdW layer formation appears to precede the full SnSe orthorhombic structure by 3 bilayers 

 
Figure 5.7 – SnSe/PbSe(001) interfacial structures. 
High resolution HAADF STEM of the SnSe/PbSe interface and plan-view ECCI, 
showing the heteroepitaxial arrangement. (a) and (b), orthogonal cross-sectional 
projections of the interface. [HAADF images processed with linear 
brightness/contrast and α = 0.2 Å gaussian blur.] (b) includes two graphs which, 
based on averaged HAADF contrast, show the lateral layer shift and interplanar 
spacing of and between each monolayer of atoms. The blue-marked region is 
transitionary, and contains a layered structure with rocksalt-like stacking. (c) 
Isometric projection of a hypothetical sharp interface, conventional SnSe unit cell 
included. (d) ECCI of a SnSe layer polished by FIB showing two populations of 
90° rotated grains with rectangular grain boundaries, and dislocation contrast 
within one of those populations of grains. (e) the pseudo-rocksalt stacking of SnSe 

on PbSe, showing the similarity of the PbSe (001) surface and the SnSe (100) 
surface. The SnSe unit cell shown has been slightly strained to appear square. 
Notice that even in this symmetrized form, SnSe has lower rotational symmetry 
than PbSe. 
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(Figure 5.7b), resulting in an epitaxially constrained transition region which exhibits a layered 

structure, but the stacking order of rocksalt. Even beyond this transition region, the layer spacing 

doesn’t stabilize for approximately 3 nm into the SnSe layer. As stable alloys of PbSnSe exist in 

both the rocksalt and Pnma structures, and atom probe tomography suggests that the chemical 

interface between PbSe and SnSe is approximately 5 nm wide, we do not think it is reasonable to 

define a specific truncation point for the SnSe unit cell, instead, the unique chemical and structural 

similarities between these otherwise distinct materials allow for a wide transitionary layer. 

Layer stacking and defect transmission between disparate crystal structures 

The highly commensurate crystal structures and compatible chemistry between PbSe and 

SnSe allow for the direct transmission of defects like dislocations from substrate to film, and the 

lower symmetry of the SnSe epitaxy on the highly symmetric PbSe buffer allows for rotational 

grains and stacking faults to be formed from previously-innocuous features like steps on the PbSe 

surface. 

Figure 5.8a shows a variety of methods to achieve different stacking sequences in SnSe 

films, and near the interface, we commonly see a variety of stacking defects, like those highlighted 

in Figure 5.8b. When first nucleating SnSe on PbSe, (or at least orthorhombic PbSnSe on rocksalt) 

symmetry considerations allow for the synthesis of defective stacking sequences when different 

rotations of SnSe nucleate on adjacent PbSe terraces and overgrow each other, resulting in a locally 

random sequence of four different possible layer rotations. The most common defective stacking 

sequence in 2D materials seems to be a metastable AA stacking sequence, which has commonly 

been produced via spiral growth, and has been observed in the 2H layered TMDCs SnSe2, MoS2, 

and WSe2 [137–139], as well as hBN[140]. In MoS2, this AA stacking was first observed as the 

“3R” structure [141], and recent first principles calculations suggest that the 2H and 3R structures 

differ by just 0.06 eV/formula unit[137], highlighting the relative independence of vdW layers in 
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2D materials.  

In Figure 5.8b, where the stacking sequence changes from AA in the bottom left corner 

to AB stacking in the bottom right, the boundary between these layers only actually creates a defect 

(a mirror twin) in every other vdW layer. Half of the vdW layers are unaffected, and the overall 2D 

nature of the material is preserved. After the SnSe in Figure 5.8b grew to be 10-15 nm thick, the 

equilibrium AB stacking has completely dominated, so the step-overgrowth or spiral growth 

effects which created these irregular stackings do not dominate epitaxy far from the interface. 

Based on these results, and very smooth surfaces indicated by RHEED, we tentatively assume a 

layer-by-layer growth mode for thick layers of SnSe via MBE. 

 

 
 
Figure 5.8 – Stacking irregularities during SnSe nucleation and growth. 

(a) three ways to create different stacking sequences in SnSe. (b) PbSe[100] high 
resolution HAADF STEM cross section showing irregular stacking near the 

SnSe/PbSe interface. This projection cannot distinguish between the SnSe [011] 
and [011̅] directions, which look identical, but can distinguish between these 

directions and their mirrors, [01̅1̅] and [01̅1]. Making the assumption that all layers 
pictured are either 0° or 180° rotated, boundaries between different stacking 
sequences are marked with a dotted line. 



 
Interfaces and registry 

119 

Dislocation structures in SnSe are complicated, made worse by the very tall unit cell and, 

in this study, the tendency to inherit atypical dislocations from the PbSe substrate. Figure 5.9a-c 

show a high density of dislocations within the grains. Two different 2-beam conditions, 

PbSe(040) and PbSe(004), and an on-axis condition PbSe[100] are used here to differentiate 

between dislocations with burgers vectors which lie exclusively in or out of the growth plane. 

Dislocations which appear in (a) and not in (b) have burgers vectors that lie in the growth plane, 

regardless of line direction – so called threading hyperdislocations[142,143] or inter-sheet 

dislocations like the edge misfit dislocation highlighted in Figure 5.7a would meet this criterion. 

Dislocations which appear in (b) have a finite burgers vector projection in the SnSe[100] 

direction, and so mark the edge of a vdW sheet (misfit dislocation) or a helical spiral of vdW sheet 

(threading dislocation). Figure 5.9a-c shows many dislocations with a variety of burgers vectors, 

 

  
 
Figure 5.9 – Novel dislocations and stacking faults in 2D SnSe films. 
(a-c) Cross sectional STEM with different diffraction conditions to highlight that 
a mixture of burgers vectors and stacking faults exist in these layers. This image is 
part of a larger analysis: across a 22 μm long STEM cross section, approximately 
1/3 of dislocations in the PbSe buffer layer had a matching dislocation directly 
above in the SnSe layer, and the number of distinguishable defects (dislocations 
and grain boundaries) at the bottom of the SnSe layer is approximately 25% higher 
than at the top of the PbSe buffer layer. (b) brightfield STEM of a single 
dislocation with an a/4 screw component continuing from the PbSe buffer into 
the SnSe film. (e) full dislocations and partial dislocations with a/2 and a/4 burgers 
vectors bound different 2D stacking faults. An a/4 stacking fault is pictured with 
HAADF STEM, demonstrating crosslinking between vdW sheets. [Processing 
notes: (a) enhanced with local contrast adjustment. (e) image stacked and 
smoothed with a 0.1Å Gaussian blur] 
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some of which appear to originate directly from the PbSe buffer. 

We believe that unlike in most vdW epitaxy, these SnSe/PbSe interfaces are so gradual as 

to allow for the direct passage of dislocations from one crystal system to the next. We have 

previously characterized the burgers vector of misfit dislocations formed during coalescence of 

PbSe/InAs as 〈101〉 family[101]. If nucleation defects on GaAs substrates behave similarly, then 

most of the dislocations exiting the top surface of the PbSe buffer will have a burgers vector of 

√2

2
𝑎〈101〉 type with a magnitude of 4.33 Å. When translated into SnSe with its pseudo-rocksalt 

epitaxial arrangement, this burgers vector necessarily distorts to match the new structure, but 

constitutes only a partial dislocation in the SnSe structure, nominally one monolayer, half of a vdW 

bilayer, or one quarter of a unit cell tall. Instead of a full screw dislocation which creates a line 

defect but preserves the crystalline structure of SnSe away from the core, or a nominally a/2 

dislocation, which would result either in AA stacking, or the creation of a mirror twin within each 

vdW layer, either while preserving the overall 2D structure, a nominally a/4 dislocation creates a 

stacking fault that binds adjacent vdW layers together with covalent crosslinks (Figure 5.9e, 

graphic). Figure 5.9d shows a threading dislocation that starts in the PbSe layer and continues into 

the SnSe layer that we believe has an a/4 screw component, but the existence of the stacking 

faulted region bordering this dislocation makes the HR images difficult to interpret directly. The 

HAADF cross section of Figure 5.9e, however, directly images a stacking fault resulting from such 

a dislocation. Alternate vdW layers are bonded together, locally creating a 3D covalent network 

within the 2D material. 

Even when not grown epitaxially, layered van der Waals materials frequently grow via 

spiral growth and step-flow mechanisms [138,144–146], implying a significant bias for adhesion 

at step edges, and a very high adatom mobility on top of a van der Waals sheet. One notable 
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example of spiral growth in a van der Waals material comes from Liu at al. [144], who grew Bi2Se3 

on chemically incompatible Graphene/SiC and observed vdW layers peeling up to overgrow 

surface steps on the substrate, creating new defects and initiating spiral growth with a full screw 

dislocation. Although Bi2Se3 could theoretically incorporate an unfavorable partial screw 

dislocation, loose bonding to the substrate allows it to avoid this energetically costly outcome. 

This opportunity is not available at the SnSe/PbSe interface, where a gradual transition in both 

chemistry and structure forces the epitaxial SnSe to incorporate defects like surface steps and 

threading dislocations. When transformed into the taller and less symmetric SnSe structure, 

common rocksalt dislocations can induce large-area defects in a 2D material.  

Such large-area defects have significant implications for the deformability of a 2D material. 

The asymmetry of bonding and subsequently, mechanical properties, in 2D materials are one of 

the reasons they are so intriguing from a research perspective. Ideal 2D materials can easily be 

sheared in the basal plane as adjacent layers slide over each other. But by crosslinking adjacent 

layers and breaking the vdW gap, these unique defects significantly inhibit dislocation motion and 

“sheet sliding” as mechanisms of shear in 2D SnSe. The next chapter will include discussion of 

sliding SnSe buffer layers for quasi-vdW epitaxy. 
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6. Film Coalescence and Relaxation 

I. INTRODUCTION 

PbSe growth modes 

Unsurprisingly with their peculiar bonding, the IV-VI rocksalts are not known to grow 

layer-by-layer on any non-IV-VI surface. The high interfacial energy of heteronucleation prevents 

otherwise low-surface-energy rocksalt films from wetting the relatively high-energy surfaces of 

fluorite [13,46,147], diamond cubic[13,15], cubic perovskite[112], or zincblende[21,22,49] 

substrates. Poor bonding between ionic PbSe and covalent Si has been known to prevent growth 

of high quality layers[13], and weak bonding 

between IV-VI films and BaF2 substrates has 

also been observed. Highlighted most 

notably in section III of the previous chapter, 

PbSe films can be almost completely non-

interacting with their substrate. 

In cases where film is loosely 

attached to substrate, and allowed to obey its 

own equilibrium preferences, the IV-VI 

rocksalts exhibit extreme preferences for 

surface faceting. Clearly visible {100} 

terminations on islands (Figure 6.1) highlight 

the stability of these crystalline surfaces, 

where (111)-oriented PbSe islands adopt a 

truncated-cube pyramidal confirmation, and 

 

 
Figure 6.1 – PbSe nuclei grown on BaF2 
substrates via LPE in two orientations. 

Top, (111); bottom, (001).  Reproduced 
from [152]. 
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(001)-oriented PbSe islands form large rectangular prisms. In the present work, we have also 

never observed a reconstructed PbSe or PbSnSe surface in either the (001) or  (111) orientation. 

RHEED always shows a 1×1 periodicity after the onset of IV-VI growth. 

Much of the difficulty in growing high-quality PbSe layers comes in controlling the defects 

created when these islands fuse and coalesce into a contiguous film. The weaker the bonding 

between the film and substrate, the more misoriented each independent grain will be, and the 

more dislocations will be incorporated during coalescence.  

Thermal mismatch and dislocation glide in the IV-VI Rocksalts 

Unlike most ionic rocksalts[148], the IV-VI rocksalts’ primary slip system is {001}〈1̅10〉, 

meaning typical dislocation burgers vectors lie in 〈1̅10〉 directions and dislocations glide on {001} 

planes. Consequently, this slip system feels no resolved shear stress from in-plane strain on an 

(001)-oriented film[16] and thermally mismatched IV-VI films readily crack upon 

cooldown[13,15,149,150], even when cooling from low growth temperatures. As the IV-VI 

rocksalts have extremely high thermal expansion coefficients, only the fluorite substrates (BaF2, 

CaF2) come close to thermal-matching[151], and these substrates are prepared by cleaving on 

(111) planes, making their similar thermal expansion a moot point (only one study[152] has used 

polished BaF2(001)). Growth on more conventional (001) III-V or Si substrates will always have 

to contend with this problem, and successful attempts to limit or eliminate cracking largely credit 

climb[150,153,154] or secondary slip systems[13,14,149] like the {101}〈1̅01〉 that do feel resolved 

shear for (001) in-plane strain. Using LPE, Strecker et al.[150] grow PbSe from an off-

stoichiometry melt, resulting in a high concentration of selenium vacancies which they claim 

facilitates relaxation via climb. Li et al.[149], using LPE to grow PbSnSe, observe fewer cracks at 

high temperatures, which they attribute to activation of secondary slip by climb-nucleating 
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secondary-glissile dislocations during growth. 

They clarify that the selenium vacancy 

concentration necessary to achieve such a result 

is not attainable via MBE. 

The handicap of the PbSe slip system 

becomes an asset when growing IV-VI films 

oriented in the (111) direction. With this 

geometry, in-plane strain exerts significant 

resolved shear stress on three slip planes of PbSe 

(Figure 6.2). This slip system has extremely low 

barriers to dislocation glide[148], amazingly 

enabling glide even at cryogenic temperatures, permitting full relaxation[151], and allowing for 

annihilation of dislocations during growth with high efficiency[16]. The ability to access this slip 

system enables (111)-oriented IV-VI structures to be grown thicker without cracking, to be 

improved via thermal cycling, and to be temperature-tunable without inducing strain into a device. 

With these considerations in mind, the vast majority of MBE growth of IV-VI rocksalts has been 

in the (111) orientation, on fluorite substrates or silicon(111) substrates, often with a fluorite 

buffer layer to facilitate epitaxial nucleation. One of the primary goals of my work was to explore 

the relaxation behavior of PbSe when strongly-interacting with an (001)-oriented substrate. 

Parts of this chapter are based on published results from the papers Nucleation control and 

interface structure of rocksalt PbSe on (001) zincblende III-V surfaces[101] and Interface structure and 

luminescence properties of epitaxial PbSe films on InAs (111)A[102], as well as results from a forthcoming 

paper on SnSe epitaxy. 

 
 

Figure 6.2 – Active {001}<110> slip 

system of PbSe. 
This schematic shows relaxation of in-

plane strain in a (111)-oriented film grown 
on a BaF2/Si buffer. This process results in 
a triangular grid of misfit dislocations, and 
a corresponding triangular grid of surface 
steps. Reproduced from [151]. 
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II. COALESCENCE DEFECTS IN (001) PbSe 

PbSe island coalescence on InAs(001) 

In order to examine the growth behavior of single-orientation PbSe towards usable thin 

films, we truncated growth at different stages of island coalescence and characterized the structure 

with standard secondary electron imaging as well as electron channeling contrast imaging (ECCI) 

in SEM. SEM of partially coalesced samples grown at 330 °C (Figure 6.3) reveals the single-

 

 
 
Figure 6.3 – Coalescence of PbSe islands on InAs. 
(a-d) SEM micrographs of PbSe coalescence geometry: After nucleation on the 
2×1 InAs surface, initial elongated islands come together to form a dense network. 
As this is “filled in” by continued PbSe flux, some gaps remain, decorating the 
edges of low-angle grain boundaries. Eventually the film fully coalesces, resulting 
in a moderately smooth, hole-free surface. (e-i) Origin and persistence of 

coalescence defects: (e,f) ECCI micrographs ({220} conditions) of a coalescing 90 
second growth with orientation contrast highlighting low angle grain boundaries 
bordered by holes in the film. (g) ECCI micrograph of a fully coalesced film 
highlighting the persistence of these slight misorientations, now decorated by 
threading dislocations. (h,i) HR-HAADF STEM and DFSTEM of the PbSe/InAs 

interface, looking down the [110] zone axis. In ECCI (f), dark lines within grains 

form a grid of dislocations highly ordered across [11̅0] but inconsistent across 

[110]; these misfits are also observed in STEM; and a single misfit from the 
PbSe/InAs interface is traced with an incomplete Burgers circuit. We also believe 
the prominent planar defect in the DFSTEM micrograph is a low-angle grain 
boundary like those visible in ECCI 
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orientation (001) PbSe islands that form on the treated 2×1 (001) InAs surface are significantly 

longer in the [110] direction and very shallow in the [001] (growth) direction. Although they 

rapidly form an interconnected network, they are slow to coalesce into a smooth pinhole-free film. 

At these growth temperatures, the sticking coefficient of PbSe on the treated InAs surface is near 

unity, with rapid PbSe migration across the surface enabling the formation of few-monolayer-tall 

islands (Figure 6.4). Figure 6.3a-d shows the coalescence progression of PbSe films on InAs. After 

only ≈1.5 monolayers (ML) of PbSe flux, (001)-oriented islands begin to elongate in the [110] 

direction. After 5 ML of deposition, these islands are fully interconnected, and after 15 ML, there 

are large regions of flat coalesced film developing. The remaining gaps in the film coalesce slowly, 

forming defects which decorate low-angle grain boundaries in the coalesced film. 

After 5 minutes (~15 nm) of growth at 330 °C nucleation temperature, the films are 

generally fully coalesced, but the best results were obtained by subsequently dropping the 

temperature by 30-60 °C and continuing 

growth colder. These two-temperature 

growths produced the highest quality 

fringing in XRD, and produced 80 nm films 

with an AFM-measured RMS roughness of 

1.8 nm over a 2×2 μm area. 

The elongation of the initial nuclei 

shapes is likely inherited from the dimerized 

2×1 PbSe:InAs surface. As adjacent islands 

grow together, they create a grid of 

dislocations, very closely spaced in the [11̅0] 

direction, but more irregular and spread-out 

 

 
 

Figure 6.4 – AFM micrographs of PbSe 
nuclei on the 2×1 treated InAs surface. 
(a) a 10 second growth, and (b) a 30 second 
growth. Representative height traces from 
each image are depicted below. Initially, the 
uncoalesced islands are only 1-3 ML tall, 
and island interconnection occurs after less 
than 4 ML. Some of these pinholes persist 
well into growth due to strain effects. 
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in the [110] direction. Figure 6.3e-f shows orientation-sensitive ECCI micrographs of the grain 

structure of these films during and after coalescence. The resultant grains are slightly elongated in 

the [11̅0] direction, and the dislocation density necessary to define these small grains is very high. 

Figure 6.3h-i show a more detailed view of one these boundaries and an array of misfit 

dislocations. Low-angle grain boundaries appear inconsistently every few hundred nanometers, 

while the misfit dislocations are evenly spread along the interface, remnants of island coalescence. 

The Burgers circuit traced in Figure 5h indicates a Burgers vector of 
1

2
[101] or 

1

2
[01̅1]; with a 

line direction of [110], these dislocations must be sessile, unable to rearrange at the interface to 

form an even grid as has been observed at PbTe/PbSe interfaces[154]. The less-regular [11̅0]-

oriented dislocations observed in Figure 6.3f are likely similar and also locked-in immediately after 

island coalescence. Although the primary {100}〈110〉 slip system in PbSe is active even at low 

temperatures, dislocations in this system experience no resolved shear stress from in-plane biaxial 

strain for (001)-oriented growth[16], preventing glide of any dislocations to alleviate film-

substrate mismatch. 

Modifying island shape with chemistry and mismatch 

In an effort to reduce misfit formation during island fusion, we investigated the use of 

excess selenium flux to control the shape of the islands pre-coalescence. By enforcing selenium 

termination of the PbSe film, theoretically, islands could be made to truncate preferentially on 

{111}-type planes, creating shallower islands with negatively sloped walls. As these islands would 

meet only at their vanishingly thin edges, we hoped it would suppress formation of [101]-type 

dislocations and coalesce a perfectly coherent layer below critical thickness. While experiments 

show excess selenium produces markedly different island shapes (Figure 6.5b), fusion of these 

modified islands does not create coherent films (Figure 6.5c). 
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It is clear that at these scales, with islands tens of nanometers across and units of 

nanometers tall, selenium overpressure does not create pyramidal islands. For larger surfaces it 

may alter the relative surface energies of (110) and (111) facets of PbSe, but at these scales, 

surface tension seems dominant. In fact, selenium overpressure appears to make PbSe islands 

grow taller and narrower, indicating that a selenium adlayer significantly increases cohesive surface 

tension or significantly alters adatom mobility. 

Lattice mismatch, as well as surface 

chemistry, can produce qualitatively distinct 

island shapes and film grain structure, but via 

lattice mismatch, not chemistry. (001) PbSe 

islands on treated (001) GaAs surfaces 

favor termination on {100}-type planes – the 

low-energy-rocksalt planes (Figure 6.6a) – 

rather than elongating in the [110] direction 

as on treated InAs (Figure 6.3a) or having 

little lateral order as on GaSb (Figure 4.1e-f). 

 
 
Figure 6.5 – Modifying PbSe island shape with excess selenium flux. 
By adding selenium flux in addition to molecular PbSe flux, islands get narrower 
and taller before coalescence, leaving lasting trenches in the coalesced film. (Flux 
ratios calculated assuming elemental Se at the ion gauge) 
 

 

 
 

Figure 6.6 – Coalescence of PbSe islands 
on GaAs. 
(a) SEM micrograph of a coalescing PbSe 
layer on GaAs. The islands have formed an 
interconnected network but have not fully 
coalesced into a smooth film. The islands 

preferentially truncate on {100} planes. (b) 
ECCI micrograph of a fully-coalesced film. 
Orientation contrast highlights the high 
density and uniformity of low-angle grain 
boundaries. 
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It appears that connected PbSe islands on GaAs grow laterally to a characteristic width of 40-50 

nm then grow vertically, leaving a notable fraction of exposed substrate even after significant 

material deposition. Compared to an equivalent growth on InAs (Figure 6.3c), the coalescence on 

GaAs (Figure 6.6) is extremely slow, suggesting PbSe adatoms may have higher mobility around 

highly strained (or mismatched) crystals. On InAs, we hypothesized that the holes visible early in 

PbSe film growth could be the result of local strain between islands, where holes encapsulated 

non-zero Burgers circuits. On GaAs, a chemically similar but lattice-mismatched substrate, we 

observe this lack of adhesion across the entire surface – apparently the macroscopic ramifications 

of the weak bonding discussed in the last chapter (Figure 5.3). The low adhesion of PbSe near 

strained regions highlights a peculiarly specific preference for lattice-matched substrates - a small 

amount of local strain can affect resonantly-coupled bonds for long distances. 

Strain induced pitting and PbSe 

growth on ErAs(001) buffer layers 

When we grow PbSe in such a 

configuration to induce significant amounts 

of strain or limit the relaxation capability of 

the film, we find pits and cracks in films. The 

holes in the PbSe film on InAs(001) in 

Figure 6.3 we believe are open-core 

dislocations – ie. we believe they encircle 

non-zero burgers circuits, but the most 

extreme pitting we have observed occurred 

during experiments with rocksalt ErAs 

buffer layers. 

 

 
 

Figure 6.7 – Slow coalescence of PbSe 
on ErAs. 
ECCI micrographs of PbSe/ErAs/GaAs 
grown under varying conditions. 
(nucleation only, nominally 80nm film low-
temperature growth, and growth with a 
selenium surfactant layer.) 
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ErAs is a rare-earth rocksalt nearly lattice matched to GaAs, indeed it is known to wet 

GaAs, and can be grown layer-by-layer[155–157] with monolayer resolution[158]. We grew 3 ML 

of ErAs on GaAs(001) substrates to achieve a rocksalt termination with “vertical” dangling 

bonds in an effort to produce a better nucleation template for PbSe. By isolating the symmetry 

and surface charge shifts at the ErAs/GaAs interface, we hoped to make the next PbSe/ErAs 

interface simpler, only dealing with heterovalency and lattice mismatch. ECCI micrographs of 

these films are shown in Figure 6.7. 

PbSe nucleation on these templates was extremely uniform, with no indication of off-

orientation grains via RHEED, implying a strong favorable interaction between the substrate and 

film. Unfortunately, this strong film-substrate bonding contributed to extremely small grains, likely 

coherently strained prior to coalescence. We believe that local strain near the edges of the islands 

prevented adatoms from sticking, slowing coalescence. Once these highly strained islands finally 

collided, many misfit and threading 

dislocations were created, and threading 

segments again became pits, or open-core 

dislocations. Attempts to grow the PbSe film 

colder or under a surfactant layer of excess 

selenium flux only made this problem worse, 

resulting in a higher density of pits. In the 

ECCI micrographs of Figure 6.7, the regions 

between pits also has a mottled texture, the 

extreme mosaicity that results from 

nanoscale grain fusion. 

A close-up example of a strain pit in 

 
 

Figure 6.8 – Strain pits in a PbSe film. 
ECCI micrograph of a PbSe film grown on 
a PbSe/GaAs buffer layer. A misfit 
dislocation (distortion visible to ECCI) 
terminates at a pit (topography visible to 
BSE). [stacked image] 
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PbSe on a III-V substrate is shown in Figure 6.8. A misfit clearly terminates at a pit, and since a 

dislocation cannot end within the crystal, it must effectively bend into a threading segment, but in 

this case the pit, not a closed dislocation core, transmits the necessary Burgers character to the 

surface of the film. These pits can frequently be eliminated by growing at a lower temperature, so 

these pits may simply be thermal etch pits, where adatoms are easy to remove near strained features 

like dislocations. This effect may be amplified by the “resonant” bonding in PbSe, where stretching 

or breaking of one bond may weaken those around it. Considering that nucleation needs to occur 

at higher temperatures to eliminate misoriented grains, this surface instability makes strained PbSe 

very difficult to grow smoothly. Our best results at fighting this effect on any substrate have been 

achieved by dropping the growth temperature immediately after coalescence to increase the 

sticking coefficient near defective regions. 

Cracking in alloy PbSnSe 

Alloy hardening in the IV-VI family 

appears to be a significant problem, at least 

when depending on climb and secondary slip 

to relax films. Figure 6.9 shows an alloy 

PbSnSe film with cracks every 3-2 μm along 

the surface. In pure PbSe, films, thermal 

cracking does not occur for films thinner 

than 200-300 nm, however this alloyed film 

is less than 80nm thick and cracked readily. 

It also seems to have more internal strain 

near dislocation cores, as the surfaces 

between cracks contain many strain pits. 

 

 
 

Figure 6.9 – Alloy hardening: cracks in a 
thin film of Pb0.6Sn0.4Se. 
ECCI micrographs of a PbSnSe film 
grown on a PbSe/GaAs buffer layer. The 
film is covered with small strain-induced 
pits, and has cracked during cooldown. 
This film is less than 80nm thick, far below 
the critical thickness for cracking of pure 
PbSe films. 
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Alloy hardening is typically a term relegated for structural materials, but it is becoming 

more important in semiconductor growth as the limits of heteroepitaxy are pushed farther[58]. 

For the IV-VI rocksalts, especially in the(001) growth orientation, alloy hardening could become 

a very severe limiter of device design, as alloyed layers necessary for bandgap engineering could 

become embrittled, either directly, or via dislocation pipe-diffusion easily mixing lead and tin 

species across layers. 

Structural quality of PbSe/InAs(001) 

Successfully-coalesced PbSe films grown on InAs substrates are of relatively high 

crystalline quality with sharp interfaces, good rocking curve widths, and good registry to the 

substrate (Figure 6.10). The 2θ-ω full width at half maximum (FWHM) of the PbSe (004) peak is 

410 arcseconds for an 80 nm film, and for a thicker ~320 nm film, a 2θ-ω FWHM of just 181 

arcseconds was measured. For the 80 nm film, mosaic twist about the [001] direction was 

measured via a {224} ω rocking curve in skew-symmetric geometry, with an observed FWHM of 

457 arcseconds. Mosaic tilt in the 80 nm film was measured with orthogonal (004) ω rocking 

curves. FWHMs of 185 and 369 arcseconds were observed about the [110] and [11̅0] directions, 

respectively. This result is on par with microns-thick layers of PbSe on (001) GaAs, with a rocking 

curve FWHM of 266 arcseconds reported by Wang et al.[22]. Figure 6.10 also includes a pole 

figure, a 360° ϕ-scan of the {224} peaks of PbSe and InAs, showing excellent epitaxial registry 

with no apparent population of significantly twisted grains. Analysis of ECCI micrographs (eg. 

Figure 6.3g) yields a threading dislocation density in the mid 109 cm-2. 

Coalesced films of PbSe on InAs contain residual strain resulting from asymmetric 

relaxation that slightly distorts the cubic lattice. This residual strain is a combination of lattice 

mismatch during growth and thermal mismatch during cooldown. Measurements of the {224} 
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plane spacing reveals that the PbSe unit cell at room temperature is 0.02% compressed along the 

[11̅0] direction and 0.2% stretched along the [110] direction. We believe this asymmetric 

relaxation is due to the asymmetric distribution of dislocations observed in ECCI during the early 

stages of growth (Figure 6.3f), affecting relaxation both at growth temperature and during 

cooldown. Even with a significant difference in the misfit density in orthogonal directions, the 

relaxation of in-plane strain is hindered by the immobility of PbSe’s primary slip system in the 

(001) orientation. 

III. PbSe GROWTH ON LATTICE MATCHED III-V SUBSTRATES 

Lattice mismatch and coalescence defects 

As previous experiments growing PbSe on III-V substrates with different lattice 

parameters (GaAs, InAs, and GaSb: Figure 6.6, Figure 6.3, and Figure 4.1) produced dramatically 

different island/nuclei morphology, we understood that strain was linked intimately with 

coalescence behavior and film relaxation during island fusion. To explore this further, we grew 

PbSe on metamorphic InAsSb buffer layers with varying in-plane lattice parameter, both tensile 

 
 
Figure 6.10 – Crystallinity of PbSe films on InAs. 

(a) 2θ-ω coupled scan of the (004) peak showing a high-quality interface with 

distinct thickness fringes. (b) A 360° ϕ-scan of the {224} peaks in PbSe and InAs, 
showing that the nominal epitaxial registration between the film and substrate is 

(001) cube-on-cube. 
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and compressively strained to PbSe. Fascinatingly, we see that many different relaxation 

mechanisms are active in these films, and many variables are involved in governing film behavior. 

Figure 6.11 contains overlayed reciprocal space maps of many of these experiments, 

showing relaxation within each PbSe film. X-ray from each buffer-grown PbSe film contains a 

substrate peak, GaSb, a partially relaxed buffer layer peak (below) and the PbSe film peak (center). 

Figure 6.11b-c also include a PbSe film grown directly on InAs as reference, as InAs is more than 

1% mismatched to PbSe at growth temperature. In the [110] direction, we see that nearly-lattice-

matched compressively-strained PbSe films grow coherently. PbSe films R262, R276, and R279 

appear to share an in-plane lattice parameter and approximate FWHM with their buffer layers 

E037, E045 and E043. In comparison to our results on InAs, sample R111 in the plot, these results 

are startling, as they imply PbSe islands with low mismatch to a III-V substrate can coalesce without 

creating defects at the interface. Unfortunately, this result does not extend to the tensile-strained 

 

 
 
Figure 6.11 – RSM study of PbSe growth on varying lattice parameter 
substrates. 
(a) Example RSM with color-scaled data projected into reciprocal space. (b,c) 
Condensed RSMs showing only the peak positions and half-max contours of the 
substrate, buffer, and film. For comparison, a PbSe film grown on InAs is also 
included: the sample analyzed further in Figure 6.10. 



 
Film Coalescence and Relaxation 

135 

PbSe films R276 and R278, or any of the films in the [1̅10] direction. In this orthogonal direction 

we see the PbSe films under slight tensile and compressive stress relax fully during growth, then 

contract with the substrate during cooldown, not relaxing to relieve thermal mismatch strain. 

R262/E037 is an outlier here, failing to fully relax during growth. 

We observe that PbSe/InAs, PbSe(compressive)/InAsSb, PbSe(tensile)/InAsSb, and 

PbSe/InAsSb(low dislocation) relax via entirely different mechanisms. Figure 6.12 shows ECCI 

of these films where FIB milling has been used to bring the interfacial misfit structure within the 

ECCI interaction depth and ensure a smooth surface. When PbSe is grown under slight 

compressive strain on a substrate with high TDD (Figure 6.12c), secondary and tertiary slip 

systems seem to activate, allowing for some dislocation glide in the 〈100〉 directions (likely the 

{101}〈1̅01〉 slip system) and significant (asymmetric) glide in the [110] direction, possibly the 

{111}〈1̅01〉 slip system. PbSe most commonly slips on the {100} planes, and slip on the {101} 

planes is considered secondary. Slip on the {111} planes is much more rare, but has been 

previously observed in PbS[159]. 

In the case of slight tensile strain (Figure 6.12d), distinctly different relaxation behavior is 

 

 
 
Figure 6.12 – ECCI of PbSe on varying lattice parameter substrates. 
ECCI micrographs recorded from FIB-polished samples showing moiré and 
varying dislocation structures (and differing relaxation mechanisms) in PbSe films 
nucleated on different substrates in different strain states: compressive, tensile; 
varying substrate TDD. 
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observed. Misfit dislocations have almost exclusive preference for 〈100〉 line directions. As these 

dislocation cores are equivalent in terms of the interfacial symmetry, there is no preference for 

glide in one direction or the other. It appears the {101}〈1̅01〉 slip system acts on pre-existing 

dislocations to uniformly relax these samples, resulting in the bidirectional relaxation observed in 

X-ray. 

Earlier studies in LPE-grown PbSe have claimed secondary slip systems could be activated 

if dislocations were initially nucleated by climb[150]. This implies that the ability for PbSe(001) 

to relax is limited primarily by the existence of dislocations, because although secondary and 

tertiary slip can allow for glide, they are alone insufficient to allow for glide-based half-loop 

nucleation. In this case, a significant number of dislocations are injected from the metamorphic 

buffer, and these dislocations are allowed to glide, interestingly with strong preference for 〈100〉 

line directions in tension, and a [110] line direction in compression. Indeed the elongated PbSe 

islands we observe on InAs substrates also extend in the [110] direction, and upon coalescence 

form misfit dislocations with a [110] line direction. So this preference is a consistent behavior 

during early nucleation. Based on these results, we tentatively attribute this preference to the 2-

fold symmetry of the IV-VI/III-V interface which assigns a different core chemistry to misfit 

dislocations with [110]  and [11̅0] line directions (see Figure 5.4). At III-V/III-V interfaces and 

in bulk III-V samples[160], there is a significant preference for glide of dislocations with opposite 

core composition (α vs. β dislocations), but we don’t know the energetics of the equivalently 

orthogonal dislocations found at the IV-VI/III-V interface.  

Climb-nucleated dislocations 

The most promising result came from sample R262, which appeared to coalesce without 

creating interfacial defects. R262 was grown on an InAsSb buffer that barely relaxed, resulting in 
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an asymmetrically strained, relatively low-TDD substrate. The surface is very flat, and although 

the film is thicker than typical ECCI interaction depth, we observe a 1D array of misfit dislocations 

(Figure 6.13a). These dislocations are visible because they do not lie deep at the heterointerface, 

but halfway through the PbSe film, and they can be easily observed in cross-sectional STEM 

(Figure 6.13b-c). 

Unlike the dislocations we observed at the PbSe/InAs interface (Figure 6.3h), these 

dislocations appear to have a burgers vector of 
1

2
[11̅0] with a line direction of [110], making 

them pure edge dislocations. Pure edge misfit dislocations at PbSe/PbTe interfaces have been 

studied by Springholz and Wiesauer[154], who found that PbTe under significant (5.2%) 

compressive stress readily relaxes using these dislocations beyond a critical thickness of only 1-2 

monolayers. In our case, PbSe is under compressive stress of less than a percent at growth 

temperature, so the critical thickness is much larger. 

As these climb-nucleated dislocations only appeared in one direction, we have to realize 

that PbSe is a 4-fold symmetric material so unlike dislocations which originate at the IV-VI/III-

 
 
Figure 6.13 – Climb-nucleated dislocations in PbSe/InAsSb. 
(a) ECCI micrograph of R262 with no FIB polishing, indicating these misfit 
dislocations are close to the surface. (b) dark field STEM of the buffer stack and 
PbSe layer, showing the mid-layer misfit dislocations. (c) HR-STEM of one of 
these slightly dissociated dislocations with a burgers circuit trace, showing it is a 
pure edge dislocation. 
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V interface, half-loops nucleated from the IV-VI surface should be uniformly nucleated to relieve 

strain in all directions. However we also have to remember that the InAsSb substrate in this 

instance was itself asymmetrically strained because of asymmetric α/β nucleation and glide at the 

InAsSb/GaSb interface, so the initially-coherent PbSe was experiencing much more strain in the 

[11̅0] direction. After nucleating these defects, the PbSe film on this substrate is nearly equally 

in-plane strained, with the climb-nucleated dislocations relieving the more-strained direction – this 

actually allows us to place bounds on the critical thickness for nucleation. For a PbSe film at 300 

°C under 0.8% compressive stress in the [11̅0] direction, the critical thickness for climb-

nucleating dislocations is less than 50 nm. Alternately, for a film under just 0.65% compressive 

strain, the critical thickness is greater than 50 nm. 

These results are very exciting as they point towards a route for defect-free PbSe films on 

III-V substrates. A sufficiently lattice-matched III-V substrate (less than 0.5% at growth 

temperature) with low pre-existing TDD should be an excellent template for growth of coherent 

PbSe, enabling extremely high-quality interfaces, maybe even electrically-active heterointerfaces 

which could play host to novel electronic states. In practice, to achieve such a precise buffer layer, 

use of a metamorphic mixed-III (InGaSb) layer instead of a mixed-V (InAsSb) layer would be 

easier to control, but necessitates careful capping with a strained InAs layer to achieve the arsenic 

termination necessary for IV-VI pre-treatment and nucleation.  

IV. RELAXATION OF (111) ORIENTED PbSe FILMS 

For growth of (111)-oriented PbSe films, we have very different objectives. Coalescence 

defects aren’t locked in the way they are for (001) oriented films because dislocation glide can 

enable reactions and annihilation, so our primary focus has been on understanding how 

dislocations move within (111) layers, and how we may be able to leverage this behavior. Our 
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highest quality (111) oriented PbSe has been grown on InAs(111)A substrates that contained 

some fraction of twinned grains, so our structural results involve characterizing both dislocations 

and inherited twin boundaries. 

Structural quality of PbSe layers on InAs(111)A 

In 65 nm thick PbSe layers on InAs(111)A substrates, via ECCI, we observe a threading 

dislocation density (TDD) of 7×109 cm-2. In the thicker 1.5 μm film, this defect density drops 

precipitously: we measure a TDD of 1.6×108 cm-2 via plan-view TEM a couple hundred 

nanometers below the surface, and approximately 1×108 cm-2 just below the top surface via ECCI, 

across both populations of grains. With thermal cycling, etch pit density (EPD) in 4 μm thick 

PbSe(111) on silicon has been previously reported as low as 106 cm-2 [16]. The reported lower 

TDD in these earlier works are partly explained by the thicker film and higher thermal expansion 

mismatch between PbSe and Si (leading to more efficient dislocation filtering during cyclic 

annealing), but our observation of dislocation clustering via ECCI and STEM suggests that EPD 

may also underrepresent TDD. TDDs of 107-108 cm-2 have been measured for 4 μm films of 

PbTe(111)/BaF2 via scanning tunneling microscopy[52], aligning closely with our results. We 

further characterize the structural relaxation of these materials via XRD and PL. 

At room temperature, XRD measurements of the (444) peak of PbSe show that a 1.5 μm 

PbSe(111) film is fully relaxed within the measurement limits of the high-resolution 

diffractometer used (Figure 6.14a). Calibrating to a predicted InAs (444) spacing of 0.8744 Å, we 

observe a PbSe (444) spacing of 0.8837 Å, corresponding to a cubic lattice parameter of about 

6.123 Å that is matched to the bulk[161]. The 2θ-ω full width at half maximum (FWHM) measured 

442 arcseconds, corresponding to approximately ±0.06% variability in (444) layer spacing. 

Rocking curve width was measured at 197 arcseconds. These x-ray measurements are comparable 
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to our previous work[101], PbSe/InAs(001) with an asymmetric (004) rocking curve width of 

185 arcseconds and 369 arcseconds along the [110] and [11̅0] azimuths, respectively. Other recent 

PbSe/III-V work from Wang et al.[22] measured rocking curve widths of 266 arcseconds and 

1700 arcseconds for PbSe/GaAs(001) and PbSe(511)/GaAs(211)B, respectively. High quality 

PbSe(111) on well-established fluorite buffer layers can reach rocking curve widths around 150 

arcseconds[151], but 500-1500 arcseconds is not uncommon[13,149]. Extremely high quality PbTe 

has been grown on BaF2 substrates with rocking curve width of only 30 arcseconds[162]. 

The lattice mismatch between PbSe and InAs is accommodated by a dense triangular grid 

of misfit dislocations at the heterointerface. We have observed these misfits directly using plan-

view ECCI on a sloped, ion-polished sample of PbSe, where the misfit network is briefly shallow 

enough to generate channeling contrast (Figure 6.14b). Figure 6.14c shows HAADF STEM of the 

 

 
Figure 6.14 – Structural quality of a fully relaxed 1.5 μm thick PbSe(111) film. 
(a) Symmetric 2θ-ω XRD scan showing good structural quality, with a film FWHM 
of 442 arcseconds. Rocking curve FWHM was 197 arcseconds. (b) plan-view 
ECCI micrograph of FIB-polished sloped PbSe film, showing threading 
dislocations and twin boundaries in the thicker PbSe to the left, and a triangular 
array of misfit dislocations to the right where the film thickness approaches the 
ECCI interaction depth. The resolution of ECCI does not resolve every misfit 
dislocation. (c) shows the grid of misfit dislocations at the heterointerface, with 
approximate dislocation core positions determined through inverse fast Fourier 
transform analysis (c, inset). The cyan and yellow dislocation symbols indicate the 
two visible populations of dislocations, half perpendicular to the imaging plane, 
half inclined ±60° to the imaging plane. 
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PbSe/InAs interface with approximate positions of misfit dislocations marked. Across this 95 nm 

section, seven misfit dislocations are observed, resulting in an average spacing of ~14 nm. Misfit 

dislocations in these materials are expected to have burgers vectors in 〈110〉 directions and glide 

on {100} planes. In a (111)-oriented film, this means that a triangular grid of misfit dislocations 

will lie at the heterointerface[16]—each set with an equilibrium spacing of 30–40 nm. Because 

three discrete sets of dislocations exist, we would expect to see a dislocation intersect a [110] 

cross section every 17 nm, but in practice direct observation and burgers circuit analysis is made 

difficult by the inclination of the dislocations to the imaging plane. Only half of the visible 

dislocations will be perpendicular to the imaging plane, and the rest are inclined at ±60°, causing 

distortion and blurring at the interface in a foil of finite thickness. However, via masking and 

inverse fast Fourier transform analysis (Figure 6.14c inset) approximate positions for dislocation 

cores can be determined. 

As (111) is not the low-energy plane of these rocksalt materials, we noticed slightly 

rougher surfaces on these films than similar films grown on (001) substrates. Interestingly, pits 

in thin films of (001) PbSe[101] seem to terminate on {111} planes, but pits in thin films of 

(111) PbSe seem to preferentially terminate on {001} planes. Additionally, pits on (001) films 

seem to form around dislocations early in growth and later close to form a smooth surface, but in 

the (111) orientation, the opposite occurs. PbSe films can be very smooth immediately after 

coalescence, and only develop shallow surface pits with very long growth. The density of these 

surface imperfections exceeds the density of threading dislocations at the film surface, so if these 

pits are indeed forming due to dislocations, this implies that dislocation glide in the relaxing film 

allows the same dislocation to nucleate multiple pits that persist. 
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Cryogenic relaxation in PbSe(111)  

Figure 6.15a shows high excitation 

spontaneous emission PL spectra from the 

1.5 µm PbSe/InAs film collected from 83–

300 K. Where conventional semiconductors 

increase in bandgap at low temperatures, 

PbSe is well-known to do the opposite[6,30]. 

We also note in Fig. 5a that the emission 

intensity around room temperature is greater 

than that at cryogenic temperatures. We do 

not have a clear explanation for this at this 

time—there could be non-monotonicity 

from competing temperature-dependent 

recombination lifetimes (discussed 

subsequently) or this may be an artifact of the 

PbSe/InAs interface. Regarding this latter 

point, none of the thinner samples (65 nm) 

of PbSe/InAs (111)A emit light that is 

characteristic of PbSe. It may be tempting to 

suggest that the network of misfit 

dislocations at the interface is responsible for 

the lack of photoluminescence from the thin 

PbSe films, but we do not think this is the 

case. When carriers in PbSe are contained by 

 
 

Figure 6.15 – Temperature-dependent 
bandgap derived from PL. 
(a) Photoluminescence spectra of 1.5 μm 
PbSe/InAs between room temperature 
and 83 K, showing the decrease in bandgap 
and peak broadness with temperature. The 
room-temperature spectrum is interrupted 
by absorption from atmospheric CO2. (b) 
bandgap is plotted against temperature, 
showing a near-linear decrease in bandgap 
with temperature, in rough agreement with 
anticipated bulk PbSe[6]. For point of 
comparison, the blue and purple lines 
show hypothetical bandgaps from strained 
PbSe films calculated from deformation 
potentials[165]. The solid lines represent 
the [111] L-valley gaps, and the dotted lines 
represent the oblique L-valley gaps. 



 
Film Coalescence and Relaxation 

143 

a larger bandgap substrate (i.e. a PbSe/GaAs structure), we have seen both (111) and (001) 

oriented PbSe emit light even for 50 nm thick films, in spite of an 8% lattice mismatch and a very 

dense network of misfit dislocations. InAs has a similar narrow bandgap to PbSe at room 

temperature, and while the band alignment between PbSe and InAs(111)A across this Type B 

epitaxial interface is not known, we anticipate a type-III alignment as in the case of PbTe/InSb[23]. 

This suggests that in the thinner samples, photo-generated carriers may diffuse into the InAs 

substrate before radiatively recombining. More work is needed to understand if the luminescence 

intensity in the 1.5 µm film is characteristic of bulk behavior or is influenced by the 

heterostructure, especially at cryogenic temperatures where photo-generated carriers may be highly 

mobile.  

Figure 6.15b shows the PL-calculated bandgap as the sample temperature is changed. Due 

to thermal mismatch with the InAs substrate (𝛼𝐼𝑛𝐴𝑠=5.4×10-6 K-1, 𝛼𝑃𝑏𝑆𝑒=19.4×10-6 K-1) 

[161,163], the PbSe layer should be significantly biaxially compressively strained (0.7%) while 

cooling from 573 K growth temperature to 83 K. Yet, a closer inspection of the temperature 

dependence of the thin film band gap as derived from PL spectra highlights the remarkable ability 

of these films to stay relaxed due to dislocation glide even at cryogenic temperatures. In contrast, 

III-V/Si(001) films do not experience thermal dislocation glide below 200–300 °C and routinely 

crack upon cool down, even with substantially smaller thermal mismatch[164]. The bandgap of 

the PbSe film reduces approximately linearly with temperature (~0.48 meV/K), in excellent 

agreement with the unstrained bulk PbSe band gap[6]. Hypothetically, if dislocation glide did not 

take place, the elastic (111) biaxial strain would break the star-degeneracy of the normal and 

oblique 〈111〉 direct L-valley gaps, shifting them dissimilarly (strictly leading to an indirect 

semiconductor) as well as shrinking them, the [111] L-valley (normal) forming the smallest direct 
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gap[165–167]. Figure 5b shows this splitting and decrease in bandgap for two hypothetical 

elastically strained PbSe films, one all the way down from the growth temperature and the other 

only from room temperature and below.  

Threading dislocation reduction with PbSe(111) thickness 

As I explored in Chapter 3 for GaAs, dislocation-dislocation interactions are critical to 

consider when growing lattice- or thermally-mismatched films. This section presents preliminary 

work to understand dislocation interactions in PbSe(111) (Figure 6.16). In the case of 

PbSe(111), we have seen that dislocations are extremely free to move within layers of the material, 

implying that the thicker a sample is grown, the larger the total mutual force between any two 

dislocations, and the more opportunity any two dislocations will have to collide and react or 

annihilate.  

As simply growing a film thicker is a very common way to decrease dislocation density, 

this is not a new concept. In GaAs/Si, threading dislocation density (TDD) has been observed to 

scale inversely with sample thickness for thin samples and exponentially with sample thickness for 

extremely thick samples[168]. These observations are mathematically explained by calculating the 

probabilities of interaction between two dislocations as they grow longer. This result was obtained 

using a combination of etch-pit density on multiple thick samples and cross-sectional TEM of thin 

samples with very high TDDs.  

In PbSe, a relationship of 𝑇𝐷𝐷 ∝ 𝑡2 has been proposed[16] by etching a PbSe sample 

grown on Si(111) down to different thicknesses and annealing before counting dislocations via 

etch-pit density. These authors explain this very fast decrease in TDD with the second anneal step, 

claiming that additional motion of the dislocations allows for increased reaction and annihilation, 

and the PbSe slip system is more than capable of supporting long-distance glide of threading 

dislocations. However, the use of post-etch anneals and the use of etch-pit density to count 
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dislocations make this data difficult to interpret. 

Both of these studies seem to conflate “grown-in” dislocations, the surface-TDD after 

growth, and the surface-TDD during growth. Although the TDD during growth at growth 

temperature is impossible to measure, all three of these metrics need not coincide. As a film grows 

thicker, dislocations will occasionally fuse, reducing the apparent surface-TDD, but under the 

surface, it’s likely that in systems with very high dislocation mobility that line tension will pinch 

these threading dislocations together, eliminating a dislocation not only at the surface, but through 

a significant thickness of the film, retroactively (Figure 6.16e). Note that this process cannot occur 

if the film wasn’t grown thick enough for the dislocation tips to fuse in the first place, so examining 

the dislocation density at the surface of a 1 μm thick film is not the same as measuring the 

dislocation density 1 μm deep in a 2 μm thick film.  

In Figure 6.16, a sample of PbSe(111) has been milled into a slope profile for depth-

resolved ECCI. This PbSe(111) sample is 1.5 μm thick, and it has been thermally cycled 

incidentally as the result of indium bonding/debonding and cooling for cryogenic PL 

measurements after growth. In Figure 6.16a-c, we see plan-view ECCI micrographs at different 

depths in the sample. Where the PbSe layer is extremely thin the defect density is extraordinarily 

high, making quantification of TDD difficult, and subject to large errors. Where the PbSe is 

thicker, threading dislocations are much sparser. Although quantification in this particular sample 

is difficult, this technique should be able to provide an instantaneous snapshot of the TDD within 

a sample because the milling, polishing, and imaging occur at room temperature with no 

treatments in between. 

Dislocation reduction in PbSe can occur via glide and climb, and is theoretically unlimited. 

The fastest recombinations will be between two glissile dislocations on intersecting glide planes. 

Favorable combinations of glissile dislocations fuse to form a sessile dislocation with a burgers 
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vector in the growth plane. Any favorable collision between a glissile dislocation and a sessile 

dislocation with an in-plane burgers vector will produce a new glissile dislocation, but this process 

is limited by the interaction cross section of both dislocations trying to meet each other on a 2D 

plane with 1D of free motion. Fusion of opposing burgers vectors via glide requires dislocations 

to exist on the exact same glide plane, so is an effectively climb-limited process. 

Following these rules, a film will statistically never run out of glissile dislocations, although 

these dislocations may become too far apart for mutual attraction, even with thermal cycling. 

Because thicker films will have longer dislocation line length, they have stronger inter-dislocation 

 

 
 
Figure 6.16 – Slope-profile ECCI of thermally-cycled PbSe/InAs(111)A. 
(a) Mosaic of ECCI micrographs along a FIB-milled slope through a PbSe layer 
(See Figure 2.27 for more on this structure). (b) and (c) show higher-magnification 
of selected regions showing different features visible through the PbSe thickness. 
At the very base of the film, a triangular grid of misfit dislocations and moire with 
the substrate is visible, while in thicker parts of the film, contrast is dominated by 
threading dislocations, appearing as bright spots. (d) illustrates the proposed 
tendency for reacted dislocations to fuse together, concentrating defects near the 
interface and leaving a nearly-uniform TDD distribution in the bulk of the film. 
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forces. As these dislocations also exist on inclined glide planes, their effective cross section also 

increases. The combination of these two effects causes dislocation density to drop with film 

thickness until all dislocations become too sparse to react or become locally pinned (Figure 3.3). 

Indeed in PbSe(111) films, many of the threading dislocations observed near the surface appeared 

clustered into groups, likely mutually preventing glide, and blocking further reactions. This 

clustering may also help to explain the distribution of dislocations in a film - one may expect that 

upon reaction, line tension would immediately contract the fused threading dislocations down to 

their respective misfit segments, resulting in an extremely high density of dislocation near the 

interface, and then almost no change in TDD through the rest of the thickness of the film, but if 

the final stages of dislocation fusion are frequently climb-mediated, not glide, then there may be 

residual kinks in the threading dislocations that prevent this line-tension contraction and leave 

forked dislocations in the middle of a layer. These structures require more investigation to 

understand such effects. 

V. THERMAL STRAIN RELAXATION VIA vdW EPITAXY 

Introduction 

The ease with which van der Waals materials can slide over each other (effectively glide of 

edge dislocations between the sheets, Figure 6.17a) has historically made them attractive as 

mechanical lubricants, and has inspired the technique of “van der Waals epitaxy” for integrating a 

significantly mismatched film and substrate[169]. Most vdW epitaxy is done with weakly-

interacting 2D and 3D materials, so the PbSe/SnSe/PbSe system, so strongly bonded that defects 

can pass from one crystal structure to the next, presents an intriguing contrast. 

In previous sections, I explored the growth of PbSe directly on III-As(001) substrates – 

during cooldown, these PbSe(001) films regularly crack if grown thicker than a few hundred 



 
Film Coalescence and Relaxation 

148 

nanometers. In order to grow  thicker layers of PbSe(001), new mechanisms of strain relief need 

to be leveraged, either climb, secondary slip, or the more exotic solution, vdW epitaxy. 

PbSe/SnSe/PbSe experiment 

We grew two 250 nm thick PbSe films on InAs substrates, just barely below the critical 

thickness for cracking, and supported one film on a 40 nm SnSe strain relief layer. Unexpectedly, 

the PbSe layer grown on SnSe cracked while the other did not (Figure 6.17c-d) – The SnSe did 

not act as a strain relief layer, and in fact hastened the cracking process, both transmitting thermal 

stresses efficiently despite being a 2D material, and reducing the critical thickness for cracking in 

PbSe. We tentatively attribute this embrittlement to alloy hardening of a secondary slip system, 

facilitated by pipe diffusion of Sn through threading dislocations in the PbSe layer, but the 

existence of any thermal strain at all in the PbSe/SnSe layer is surprising. If vdW epitaxy was able 

to relieve thermal strain via a sliding-sheet deformation mechanism, we should find a dramatically 

different strain state in these two PbSe films, but XRD measurements of both are nearly identical 

(Figure 6.17e). 

The mismatch-strain relief facilitated by vdW epitaxy relies on easy sliding of vdW sheets. 

With perfect 2D sheets, or better yet, superlubricious sheets which contain many hyperdislocations 

and poor sheet-to-sheet registry[143], adjacent layers can slide past each other with almost no 

resistance. Unfortunately in our materials, many defects disrupt this 2D layered structure, closing 

the vdW gap and inhibiting sliding. In order for an edge misfit dislocation to glide through a full 

screw dislocation in SnSe, it must create a kink – a misfit dislocation segment, structurally 

appearing as a pair of extra half-planes terminating in the film, similar to the structures investigated 

by Medlin et al. in Bi2Se3[170]. A similar process occurs when an in-plane edge dislocation glides 

through an a/2 screw dislocation: an energetically expensive mirror twin is created, but the 2D 
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vdW structure is still not broken over large areas, only at the dislocation core. However, a/4 screw 

dislocations, and rotational boundaries which may include an a/4 shift, induce cross-linking 

between the vdW layers continuously over a large area, resulting in a “mixed dimensional” 

structure which no longer behaves mechanically like a 2D material. A stacking fault like the one 

imaged in Figure 5.9e and schematically pictured in Figure 6.17b (created by an a/4 screw 

dislocation) would be a significant hurdle for a dislocation to cross: an edge misfit dislocation with 

its core between vdW bilayers would glide through this stacking fault and find itself inside a bilayer 

rather than between them. This dislocation would be forced to break covalent bonds to glide, or 

rely on climb to move into a new vdW channel; both of these options are dramatically slower than 

simply shuffling vdW bonds to glide between 2D sheets.  

 

 
 
Figure 6.17 – “Sliding Sheet” strain relief and mixed-dimensional SnSe 
defects. 
(a) Schematic of proposed “sliding sheet” relaxation of thermal cooldown stress. 
An ideal “floating film” is able to contract independent of the substrate, facilitated 
by edge dislocation injection from the sample or mesa edge. (b) this process is 
significantly inhibited by a/4 grain boundaries and stacking faults, which cause 
covalent cross-linking between van der Waals layers. (c) A thick PbSe layer on an 
InAs substrate. (d) the same thick layer, with 40 nm of SnSe interlayer between the 
PbSe nucleation/coalescence layer and the 250 nm slab. The sample with the SnSe 
interlayer exhibits surface cracking. (e) x-ray diffraction of the PbSe films from (c) 
and (d). Both PbSe films are of comparable quality, but the 40 nm SnSe buffer 
layer has significant tilt and variation in layer spacing. 
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In order to realize sliding sheet relaxation in vdW epitaxy, a 2D material interlayer should 

be chosen with very weak bonding to the substrate so that defects are limited to energetically 

favorable threading dislocations within the 2D material (ie. integer-layer screw components). 

Ideally then, a van der Waals 2D interlayer should be highly symmetric to eliminate stacking faults 

wherever possible, weakly interacting with the substrate, and strongly interacting with the desired 

epitaxial material to promote layer-by layer nucleation of the 3D crystal. 
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7. Luminescence 

I. INTRODUCTION 

Photoluminescence 

Photoluminescence (PL) is a technique for probing the optical and electronic properties 

of a semiconductor sample. As an experimental method, it was not discussed in Chapter 2 because 

these measurements were made by our collaborators in Dan Wassermann’s group at UT Austin, 

but I’ll summarize here. When a semiconductor is illuminated with above-bandgap radiation, 

electrons are excited directly from the valence band to the conduction band. At high excitation, 

this creates what amounts to a very temporary intrinsic semiconductor, with very high equal 

populations of both carriers. For low excitation in an already-doped semiconductor, both electrons 

and holes are still created, but the change in minority carrier density is by far the most important 

factor in governing what happens next. In either case, as soon as this excess of carriers is generated, 

they attempt to recombine. Any radiative carrier recombination, ie. when carriers recombine and 

generate a photon, can be detected by a spectrometer outside the sample. At UT Austin, to probe 

these extremely long wavelengths, they use a HgCdTe detector in a Fourier Transform Infrared 

Spectroscopy (FTIR) setup. This detector, importantly, has an extremely fast response time. 

Especially for narrow-bandgap materials with historically poor quantum efficiencies, the 

vast majority of recombining carriers do not emit a photon, so we must use the signals we observe 

(radiative recombination) to infer information about other recombination mechanisms, Shockley 

Reed Hall (SRH) and Auger. SRH recombination relies on trap states within the bandgap, and 

scales with the defect density. Auger recombination is a multi-carrier process that is unfortunately 

a material parameter – dependent on the particular electronic band structure, notably the shape of 

the bands near the minimum. Parts of this chapter are based on published results from the paper 
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Interface structure and luminescence properties of epitaxial PbSe films on InAs (111)A[102]. 

Electronic/optical structure of PbSe 

PbSe is an L-valley direct bandgap material. That means both the conduction band 

minimum and the valence band maximum occur at the L-point in reciprocal space, not the more 

typical Γ point. This means that upon exposure to a pump beam during a photoluminescence 

experiment, photogenerated electrons and holes will migrate to the L points in reciprocal space, 

congregating at the valence band maximum and conduction band minimum before recombining. 

The L valleys exist on the edge of the Wigner Seitz cell in the eight 〈111〉 directions. As nominally 

half of each valley is inside the cell, there are four distinct L valleys in any semiconductor that can 

be altered uniquely by strain that breaks crystal symmetry. In the previous chapter, PL data was 

used to illustrate that a (111)-oriented PbSe film was unstrained, and there were two possible 

lines for “strained” PbSe, marking possible splitting of the emission peak wavelength, because in 

           
 

Figure 7.1 – Electronic band structure of PbSe. 
PbSe is an L-valley direct-gap semiconductor. (left) is the calculated band structure of 
PbSe (empirical pseudopotential method), illustrating the allowed energies of electrons 
with varying crystal momenta, on a trace through reciprocal space through the 
symmetry points Γ, Σ, K, X, Δ, Γ, Λ, and L. For reference, these symmetry points are 
shown depicted in the Wigner Seitz cell of an FCC lattice (right). The L-valleys lie at 

the cell boundary in the 〈111〉 directions. Band structure reproduced from [196]. 
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the (111) orientation, in-plane strain will affect the valley perpendicular to the film surface 

differently than the three valleys that point at oblique angles to the film surface. 

II. STRONG LUMINESCENCE FROM IV-VI FILMS 

Apparent improvement with surface treatment/substrate 

Our earliest photoluminescence results explored the difference between PbSe grown with 

different techniques on different III-V substrates. Figure 7.2 shows photoluminescence spectra of 

three PbSe(001) samples, all 60-80 nm thick on III-V substrates: R057 was grown on a GaSb 

substrate and contained a significant population of off-orientation grains. As shown in Figure 4.2, 

many of these misoriented grains could be overgrown, but in a film only 80 nm thick, these residual 

interfacial defects may still be very important to overall film performance. R069 was grown on a 

GaAs substrate prepared under selenium overpressure, and while we didn’t fully understand the 

effectiveness of the pre-dose procedure at this point, RHEED indicates this sample had 

dramatically fewer misoriented grains at the 

interface. R289 was PbSe grown on a 

regrown InAs substrate at 330 °C with a 

controlled nucleation and no defective grains 

at the interface. Paradoxically, this 

structurally superior sample produces almost 

no photoluminescence emission. 

Despite the 8% lattice mismatch 

between PbSe and GaAs, the PbSe layer has 

very strong emission in the 5-6 μm 

wavelength regime, an order of magnitude 

 

 
 

Figure 7.2 – PL spectra of three thin 
PbSe films on different substrates. 
Despite the 8% lattice mismatch, 
photoluminescence response of 
PbSe/GaAs is an order of magnitude 
stronger than PbSe grown on GaSb or 
InAs. 
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stronger than emission from the nearly-lattice-matched PbSe grown on GaSb. Initially we 

attributed these results to interfacial defects, but as confirmed single-orientation samples like R289 

also produce almost no light, we now believe this lack of performance is due to a Type II or III 

band offset between PbSe and the narrower-gap III-V substrates. Unfortunately, band offsets 

between the IV-VI rocksalts and the III-V materials are not yet known. GaAs has a bandgap of 

1.424 eV but GaSb and InAs have much smaller bandgaps of only 0.726 eV and 0.354 eV, 

respectively. When aligned to PbSe’s extremely narrow bandgap of 0.27 eV, GaAs is most likely 

to find a favorable Type I band alignment. If PbSe assumes a Type II or Type III band alignment 

with its substrate, it’s possible that photogenerated carriers simply leak out of the 80 nm thick 

PbSe layer into the substrate before recombining. For PbSe layers on InAs substrates, no light is 

emitted for thin samples, but strong PL can be observed for thick samples, hinting at a Type III 

alignment. Future photoluminescence investigation will need to consider these offsets, and more 

research on band alignments is needed to 

make any progress on heteroepitaxial device 

design. 

Evidence for defect-tolerance vs. 

III-V materials 

A significant amount of modern mid-

infrared research focuses on the narrow-gap 

III-V materials InAs, InSb, and InAsSb. 

These materials are easier to integrate on III-

V substrates (InAs is available as a high-

quality substrate), and a lot of work has been 

done to understand the principles of their 

 

 
 

Figure 7.3 – PL spectra of PbSe/GaAs 
compared to defective III-V layers 
Two samples of PbSe/GaAs emit strong 
PL at room temperature at approximately 4 
μm. These intensities are on par with 
emission from metamorphic InAs films 
emitting at just over 3 μm with three orders 
of magnitude fewer threading dislocations. 
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growth, but unfortunately they reach physical limits and nonradiative recombination dominates. 

At low temperatures, they are largely Auger limited, but at room temperature, defects become 

quite important, and SRH recombination at dislocations and point defects prevents efficient light 

emission.  

Figure 7.3 shows photoluminescence spectra from two samples of PbSe/GaAs compared 

to a sample of metamorphic InAs with many dislocations. The InAs sample was provided by our 

collaborators in Larry Lee’s group at UIUC, and was intentionally grown to be dislocation rich; 

5×106 cm-2 is very high for these III-V materials. The PbSe samples were grown using our surface-

dose treatment on arsenide surfaces, and therefore should be free of rotated grains, however they 

contain extremely high dislocation densities on the order of 5×109 cm-2. These threading dislocation 

densities would render most III-V materials optically dead, but we still see strong emission, 

equivalent to the dislocated III-V analog, and at a higher wavelength. 

III. RECOMBINATION MECHANISMS 

Time-resolved photoluminescence 

Despite thin films of PbSe on InAs emitting no light (possibly due to an unfavorable band 

alignment), we observe significant PL emission from a 1.5 µm thick film, with a minority carrier 

lifetime of 20 ns at low-excitation conditions, even with threading dislocation densities exceeding 

108 cm-2. Complementary to continuous-wave PL measurements, time-resolved 

photoluminescence (TRPL) (Figure 7.4) allows for the probing of minority carrier recombination 

in the 1.5 µm PbSe film. In the low-injection regime at room temperature; the TRPL intensity is 

seen to decay (single) exponentially over nearly two orders of magnitude after photoexcitation. 

From this, we calculate a recombination lifetime of 20 ns. A faster pump-power dependent 

recombination pathway is apparent in the early stages of decay, when the excitation becomes 
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comparable to the background doping in the sample. Making the bold assumption that the 

luminescence from PbSe/InAs is characteristic of bulk-behavior, the low-injection minority 

carrier lifetime 𝜏𝑒𝑓𝑓 can be ascribed to radiative and nonradiative recombination occurring in 

parallel,  𝜏𝑒𝑓𝑓 =
1

𝜏𝑆𝑅𝐻
+

1

𝜏𝑅𝑎𝑑
+

1

𝜏𝐴𝑢𝑔𝑒𝑟
 where 𝜏𝑆𝑅𝐻 is the nonradiative Shockley-Read-Hall (SRH) 

lifetime, 𝜏𝑅𝑎𝑑 is the radiative lifetime, and 𝜏𝐴𝑢𝑔𝑒𝑟 is nonradiative bulk Auger recombination 

lifetime[171]. 

Typically, recombination in room-temperature PbSe is reported to be Auger-

dominated[172,173], so we first consider the contribution of e-e-h 𝜏𝐴𝑢𝑔𝑒𝑟 recombination, 

calculated as 𝜏𝐴𝑢𝑔𝑒𝑟 =
1

𝐶𝑛0
2 where C is the Auger recombination coefficient, and 𝑛0 is the doping 

density[171]. We are not able to measure 

actual carrier concentration in these films via 

Hall due to the conductive InAs substrates, 

but nonstoichiometry induced n-type doping 

of 1–5×1017 cm-3 is typically expected in films 

evaporated from a compound PbSe cell 

without excess Se-flux [11]. Indeed, 

exceeding this electron concentration would 

result in lead droplets in the film that we did 

not observe. Recent first principles 

calculations by Zhang et al. place the Auger 

recombination coefficient C for PbSe with 

5×1017 cm-3 carriers at approximately 4 × 10-

29 cm6 s-1, just slightly lower than that 

 

 
 

Figure 7.4 – Recombination 
characteristics from PL at room 
temperature. 
TRPL: Three different pumping intensities 
(all more than an order of magnitude below 
the PL above) produce photoexcited 
carriers which recombine over the span of 
about 100 ns. By fitting to the single 
exponential region of this data, a minority 
carrier lifetime of approximately 20 ns can 
be calculated, given by the slope of the 
black line. 
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measured experimentally by Klann et al. and Findlay et al. [174–176] This yields a bulk Auger 

lifetime of ~ 100 ns, barely within an order of magnitude of the effective lifetime of 20 ns we 

observe. Radiative recombination appears similarly unlikely, as 𝜏𝑅𝑎𝑑 in PbSe has been calculated 

to be approximately 150 ns at n0 = 5 × 1017 cm-3 at room temperature[173] – also far too slow to 

explain the measured 𝜏𝑒𝑓𝑓. 

SRH-limited solution 

Despite being able to control island orientation, the process of island coalescence still 

produces many threading dislocations. In III-V and II-VI infrared-active semiconductors, an 

average TDD of ~1×108 would severely compromise the luminescence properties via SRH 

recombination. We can obtain an upper bound for the dislocation recombination activity by 

assuming that the measured lifetime is SRH limited and comparing to a simple model where 

dislocations are infinitely strong recombination sinks for minority carriers. Yamaguchi et al. use 

this model to calculate the effect of threading dislocations on the SRH lifetime in GaAs[177,178], 

1

𝜏𝑆𝑅𝐻
=

𝜋3𝐷𝑝𝑁𝑑

4
 where Dp is the minority carrier (hole) diffusion coefficient and Nd is the TDD. 

This model works satisfactorily for III-V semiconductors[179–181]. The hole mobility in bulk 

PbSe at 300 K has been measured to be roughly 300 cm2/V-s[182], which yields a Dp of 7.8 cm2/s. 

Even for a best-case surface TDD of 1×108 cm-2, this simple model suggests 𝜏𝑆𝑅𝐻 = 170 𝑝𝑠. 

Considering the measured total effective lifetime in these samples is 120× longer, the 

recombination activity of dislocations (and the surface) in PbSe appears to be low compared to 

III-V materials, a conservative estimate. Detailed verification of this will require the ability to tune 

the TDD in the film as has been done for III-V/Si samples. For a point of comparison to other 

IR material systems, MBE-grown Hg0.22Cd0.78Te with EPD of 108/cm2 is reported to have a 

dislocation-limited minority carrier lifetime of about 15 ns at 78 K [183], similar to our results at 
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room temperature. 

Considering compounding factors like photon recycling[184], and more unconventional 

Auger-limited cases[185–187], including trap-assisted Auger[188,189], we believe recombination 

in these materials is SRH-limited, but that SRH recombination in these films is extremely low 

relative to other materials. More study of luminescence data, preferably experiments that could 

compare luminescence from samples with different defect concentrations, will help elucidate these 

differences. 

This outstanding dislocation-tolerant behavior in PbSe, perhaps, should not be surprising 

given accounts of greatly reduced surface recombination velocities in the IV-VIs[20,190] and very 

early demonstrations of lasing[3,4]. The lack of SRH recombination has often been attributed to 

high static dielectric constants, allowing for the screening of charged defects[30]. More recent 

work has also pointed to the character of covalency in PbSe to explain defect tolerant behavior, 

governing both the material polarizability and the absolute position of defect states and relevant 

bands[29], drawing some parallels to the methylammonium lead halide material system. We hope 

that studies on carrier capture coefficients at simple defects in PbSe may shed light on this 

issue[34]. At the same time, we should not discount the more mundane mechanisms of impurity 

passivation of surfaces and defects[191].  
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8. Summary 

I. HIGHLIGHTED RESULTS 

PbSe is a semiconductor material that has been studied for almost a century, and we are 

still learning about new features of this fascinating material family. The unique bonding, 

advantageous band structure, and tolerance for charged defects make PbSe and its related materials 

good candidates for infrared optoelectronics, and more modern studies are even exploring 

quantum applications of this semiconductor family. Prior to the present work, very little published 

research addressed IV-VI growth on III-V surfaces, and this research was spread across multiple 

combinations of materials and crystalline orientations. Here, I have systematically studied PbSe 

nucleation and growth on (001) and (111) oriented III-V substrates, developed techniques for 

ordered nucleation, and examined the resulting films using modern techniques to understand 

defect behavior in these materials, building towards defect removal and high-quality epitaxy. 

Development of new techniques for defect characterization 

In the process of this research, we have pushed the characterization technique of electron 

channeling contrast imaging forward, creating new techniques that give unique perspectives on 

defect structures in semiconductor films. First and foremost, we published the first report of in 

situ ECCI, using an electron beam to enable dislocation glide at room temperature in-microscope 

to observe thermal strain relaxation in mismatched semiconductor layers. With this technique, I 

directly observed dislocation-dislocation pinning, a threading dislocation annihilation event in a 

GaAs film, and dislocations interacting with both the film surface and mesa walls. 

Additionally, I have made use of a new technique, slope-profile ECCI, to explore the 

relaxation mechanisms of PbSe films. By carefully etching and polishing an inclined profile using 

FIB milling, interfaces previously only accessible to time-intensive plan-view TEM/STEM can be 
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imaged over large areas at varying depths using a single minimally intensive milling procedure. 

This method has allowed re-analysis of samples from earlier in my work to uncover new structures 

and identify active slip systems and defect formation mechanisms. 

Achieving PbSe nucleation control via interfacial chemistry 

The first milestone we achieved in PbSe growth was orientation control on (001) III-V 

substrates. At such a high-energy heterovalent interface, chemistry and dangling bond angles are 

critical to determining nuclei orientation. On chemically-incompatible substrates like GaSb, we 

observe interfacial reactions and interfacial energies so high as to make the nucleation 

orientationally ambivalent. By terminating the III-V surface with arsenic to prevent replacement 

reactions with selenium species and exposing this surface to PbSe flux at high temperature, we 

generate a 2×1 surface reconstruction that acts as a high-quality template for PbSe(001) 

nucleation and growth. This dosing procedure appears robust on GaAs, InAs, and InAs/InAsSb 

surfaces, and is now a standard technique in our growth of (001) oriented films. 

When we expanded the scope of our study to (111) substrates, we found that a similar 

dosing procedure was effective at controlling twinning at a IV-VI/III-V interface – high 

temperature treatment again generated a successful growth template. The kinetics of growth are 

fascinating and difficult to model, because the energetic landscape involved in layer-by layer 

growth of a material need not reflect the bulk interfacial formation energy – most notably in 

heteroepitaxy when two different crystal structures are involved with different equilibrium 

coordination and polarity about each elemental species. MBE is a non-equilibrium technique, and 

this gives materials scientists great power over the structures formed, granted these mechanisms 

can be understood. 

Using atomic resolution STEM, I explored the interfaces formed between these disparate 

materials, and the distortions necessary to convert one crystal structure to the next. These 
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observations informed our explanations of the surface treatment procedure and lead to hypotheses 

of interface formation. Specific problems, like coordination and surface charge discrepancies, leave 

observable traces in the resulting films. On (111) oriented substrates, the chemical and structural 

interfaces seem slightly displaced, resulting in a narrow layer of deformed PbSe, nearly forming a 

zincblende structure before a preference for octahedral coordination converts the material 

completely to rocksalt. In the (001) orientation, interfacial charge trapped between the polar 

InAs(001) and the nonpolar PbSe(001) causes a novel distortion of the selenium sublattice, 

breaking a mirror symmetry of the PbSe structure near the heterovalent interface. 

Exploring PbSe coalescence and relaxation behavior 

As PbSe films in all of our experiments grew via a 3D island nucleation and coalescence 

growth mode, understanding coalescence behavior and coalescence defect formation was critical. 

On InAs, GaAs, and GaSb(001) substrates, island morphology was qualitatively distinct. On 

significantly mismatched GaAs substrates, PbSe islands terminated in 〈100〉 directions, the 

equilibrium low-energy planes of rocksalt. On less-mismatched InAs substrates, islands elongated 

in the [110] direction, and formed misfit dislocations between these long islands upon 

coalescence. On the nearly-matched, although chemically incompatible GaSb substrates, (001) 

nuclei formed irregular rounded shapes with flat tops that covered larger areas than the islands on 

GaAs or InAs. 

In pursuit of coalescence which did not create defects, I grew III-V metamorphic buffer 

layers terminated with strained InAs to create nearly-lattice-matched templates for growth. In 

cases where these buffer layers themselves had high threading dislocation densities, these 

threading dislocations would glide in the PbSe layers via secondary or tertiary glide, with a 

preference to first glide along the [110] direction. Interestingly, this matches the dislocations we 
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observed forming between InAs islands. This asymmetry is peculiar in PbSe, a 4-fold symmetric 

material, however the IV-VI/III-V interface is not 4-fold symmetric, and dislocations that lie at 

this interface may have different core reconstructions in different line directions, causing a bias to 

PbSe relaxation. On the more mismatched GaAs, where the PbSe film barely interacts with the 

substrate, this variance in “dislocation” chemistry manifests as a repeating grid of interfacial 

registries, some of which are more energetically favorable than others. 

For nearly-lattice-matched substrates without a high density of preexisting threading 

dislocations, we observe what may be coherent nucleation and coalescence, with defects 

subsequently formed beyond a critical thickness via climb. Pure edge misfit dislocations are 

nucleated as half-loops from the PbSe surface to relax the film due to the lack of available slip 

systems. While these results of coherent coalescence are extremely promising, controlling climb 

relaxation in samples greater than critical thickness will be a challenge. Exploring embrittlement 

of PbSe layers and the effect of pre-existing dislocations in these layers is important. 

One very unexpected facet of PbSe coalescence was the material’s tendency to form pits 

around dislocations and stacking faults. It appears that mobile adatoms have a significant aversion 

to binding to strained positions in the crystal, and with locally-mediated sticking coefficients come 

roughened films. We believe this phenomenon is linked to the resonant aspect of PbSe bonding, 

where breaking or straining one bond weakens those around it. This same effect may also help 

govern the elongated shape of islands on InAs surfaces – asymmetric strain caused by shifting 

registry and dislocations of differing chemical character. 

II. FUTURE WORK AND EXTENSIONS 

Coherent growth 

With recent analysis of PbSe samples grown on metamorphic buffers, it appears an avenue 
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towards coherent heteronucleation of PbSe/III-V substrates exists. To pursue such a film, 

manufacturing a buffer layer with easily controllable species (ie. mixed-III) would be ideal. The 

TDD should be kept low, so a graded buffer may be effective, but the surface must be arsenic 

terminated for the pre-dose to be successful. Ideally too, the film would be thick enough to fully 

relax, making composition (and lattice parameter) tuning more symmetric and consistent.  

If a thick relaxed InAs/InGaSb(graded)/GaSb structure could be synthesized with an in-

plane lattice parameter at or just below the lattice parameter of PbSe at nucleation temperature, 

IV-VI growth should be able to proceed as usual, with a high-temperature pre-dose and nucleation 

at 330 °C to produce a coherently strained film below a critical thickness >25 nm. After this 

nucleation, Alloy PbSnSe could be used to strain match and prevent nucleation of defects post-

coalescence. 

In situ relaxation experiments 

In the (111) orientation, PbSe relaxes readily in-plane, and given the thermal mismatch 

between III-V substrates and IV-VI layers, cyclic annealing could provide an excellent mechanism 

for defect reduction. Experiments to explore this effect include variable-temperature XRD, 

cathodoluminescence, surface ECCI, slope-profile ECCI, or plan view STEM. Our collaborators 

have also recently attempted microscale mechanical straining of these samples during in situ tSEM 

experiments. All of these projects could yield valuable information towards defect reduction in 

IV-VI(111) films, the historical orientation for IV-VI devices, now on a III-V platform. 

Electronic measurements and device fabrication 

The present work has placed very little focus on electronic and optical measurements 

because the primary goals were to control structure, however with the ability to grow consistent, 

albeit still defective PbSe films, properties for application must be investigated. We have had 

difficulty measuring reliable Hall carrier concentrations and mobilities, but it is currently unclear 
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if these problems are the result of bad indium contacts or changes in film stoichiometry from the 

heat of soldering and indium bonding. There may also be multiple interfacial conduction 

mechanisms confounding bulk results. A sequence of PbSe growths of varying thickness on GaAs 

(grown adjacent and non-consecutively) have been prepared for a systematic study of Hall in these 

materials, but this growth sequence will likely need to be repeated immediately before 

characterization, and varying contact metal stacks should be tested for sample-to-sample 

consistency before such a series is analyzed.  

Alloys of PbSnSe also merit similar investigation, especially samples with inverted 

bandgaps. Generating an accurate map of composition vs bandgap and learning the properties of 

an electronic material with an inverted bandgap would be very interesting results. 

Exploration of nonpolar substrates 

Finally, new substrates should continue to be explored. This work was able to consistently 

create single-orientation PbSe growths on III-As substrates by emphasizing the importance of 

surface chemistry control over lattice parameter mismatch. PbSe has previously been grown 

directly on silicon substrates, but the quality was reported to be substandard to PbSe grown on a 

fluorite buffer. Exploring the effectiveness of our pre-dosing procedure, or similar techniques, on 

nonpolar substrates like silicon and germanium, in the (001) or (111) orientations could be 

useful not just from a substrate development perspective, but to learn about the dosing procedure 

in an environment with different charge considerations. 
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